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Abstract
High-quality, thick III-nitride epitaxial drift layers with controlled doping are
needed for next-generation highly efficient vertical power devices for a smart grid
applications and electrification of mobility. Achieving desirable material properties,
such as low background impurity concentrations and reduced dislocation densities
in combination with high growth rates, necessary for practical application present a
challenge. In this work, metal-organic vapor phase epitaxy (MOVPE) is employed
for the development of GaN and low-Al content AlGaN drift layers on GaN sub-
strates.

GaN drift layers with controlled Si doping of 4.6× 1016cm−3 and thicknesses
of 5 µm and 10 µm were homoepitaxially grown utilizing a n+ (7.6× 1018cm−3)
300 nm-thick GaN nucleation layers. Smooth surface layer morphology with a sur-
face roughness of 0.11 nm over 2 µm×2 µm area was demonstrated and the den-
sity of screw dislocations in the drift layers was found to be comparable to or bet-
ter than that in the GaN substrate. In addition, the densities of edge dislocations,
which are the predominant type of dislocations and are responsible for the undesired
leakage currents, were decreased with respect to the substrate. At the optimised
growth conditions, an industrially relevant growth rate of 2 µm/h was achieved,
and background concentrations of C, H and O were limited to 1.1× 1016cm−3,
3.4×1016cm−3 and 9.6×1014cm−3, respectively.

To enhance the Baliga figure of merit, 5 µm AlGaN drift layers with low Al
content (7.28%) were grown on GaN substrates. A graded AlGaN buffer layer was
developed to accommodate tensile strain, where both its thickness and doping were
explored. We found that a 300 nm thick, n− doped, compositionally-graded AlGaN
buffer layer enables crack-free drift layers with smooth surface morphology (surface
roughness of 0.15 nm). As a next step the optimized GaN and AlGaN drift layers
are being employed for the fabrication of FIN field effect transistors.
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1
Introduction
1.1 Background and motivation

As our world’s energy demands continue to rise, there is a growing need for energy-
efficient power electronic components such as converters, in order to optimise the
use of energy and minimize waste. It is projected that by the next decade, roughly
80% of generated electricity will pass through multiple power conversion stages on
the way to the consumers [1], which requires the development of next-generation
highly efficient power rectifiers and switches handling high currents and high break-
down voltages.

Power electronics is the field that seeks efficient conversion of electrical power by
use of e.g., electronic switches and rectifiers [2]. Two main categories of power
electronic devices exist in terms of the direction of current flow; in lateral power
devices the current flows parallel to the surface, while in vertical power devices the
current flows vertically through the bulk. In vertical power devices, higher voltages
in reverse-biased conditions can be withstood compared to their lateral counterparts,
and operation at higher current levels is possible. In addition, vertical architectures
offer better thermal dissipation and allow for smaller chip size. Consequently, ver-
tical architectures allow for a more efficient use of energy and lower device cost.

A variety of device architectures have been developed for vertical power devices,
however they share the same fundamental epitaxial structure comprised of a typi-
cally n+ substrate, a lightly doped epitaxially grown region - often referred to as the
drift layer – through which the current flows vertically in the direction of epitaxial
growth, and a top-layer that can be processed to form the channel and junctions.
The drift layer is typically a few microns long to enable higher voltage-blocking
ability, at the evident expense of a larger voltage drop in forward bias. In the ideal
scenario, for higher efficiency, a low Ohmic resistance for majority carriers in the
ON state alongside high voltage-blocking ability in the OFF state are desired.

Silicon (Si) has been dominating power electronics for many decades. The ability
to grow single crystalline material with high purity and precisely control its con-
ductivity via selective doping have laid the foundations for silicon to become the
backbone of modern technology. Among its other key advantages, are the low cost,
relative abundance, and the existence of a native oxide, which can be utilised as a
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Chapter 1. Introduction

gate dielectric and / or for passivation.

For power devices however, the theoretical performance limits of Si-technology
have already been reached [3]. The use of wide bandgap semiconductors (WBGs)
for power devices, such as SiC, GaN and AlN, presents multiple advantages over Si.
WBG semiconductors can enable higher maximum operating temperatures, higher
breakdown voltages and lower ON-state resistance for a given drift layer thick-
ness and doping level, thanks to their higher electron mobility and critical field at
breakdown. This can be illustrated by considering the link between the breakdown
voltage Vbr to the material constant Ec - the critical electric field at avalanche break-
down, and to the two design parameters, the width of the drift layer, Wb, and the net
doping concentration of the drift layer Nd. In the ideal case of a triangular electric
field profile in the drift region, Vbr = EcWb/2 where Wb ∝ Ec/Nd. Therefore, for a
given material, the only way to increase the breakdown voltage for a vertical power
device is through a lower doped and thicker drift layer, at the expense of a higher

ON resistance, RON, since RON ∝ ρ
Wb
A ∝

Wb
µNd

∝
V2

br
εµE3

c
, where ε is the dielectric

permittivity and µ the mobility of the majority carriers. The critical electric field
obeys a power law dependence on the bandgap, with Ec ∝ E2.5

g for direct bandgap
semiconductors. Due to its low bandgap of 1.14 eV at room temperature, Si has
consequently a small critical electric field and the RON - breakdown - voltage trade-
off becomes particularly evident, which is the main limitation for vertical devices
in Si-based power electronics.

The use of WBG semiconductors allows for a softer trade-off. This idea was first
proposed by Baliga, and the factor εµE3

c is duly referred to as the Baliga figure of
merit – a quantitative unit to evaluate the relative performance of vertical power de-
vices in terms of their material parameters – originally defined as εµE3

g [4]. GaN for
instance has BFOM a factor of about 1230 higher than Si; in addition to lower RON
, this reduces the necessary thickness of the drift layer by orders of magnitude for
a given breakdown voltage, resulting in more compact devices with higher energy
efficiency (up to 99% or better - [5]. The wider bandgap allows for higher break-
down voltages at shorter drift layer thicknesses, permitting the blocking of greater
voltages when the switch is off.

Since the intrinsic free charge carrier concentration in semiconductors decreases
exponentially with bandgap, wider bandgap semiconductor have significantly lower
intrinsic charge at a given temperature, allowing for a higher working temperatures
(above 500°C) compared to Si MOSFETs for instance (150°C[5]) in principle. In
addition, Si has a poor thermal performance due to its inferior thermal conductivity.
As a result of the multiple material advantages, WBG semiconductors have attracted
significant research and industrial interest in relation to developing next generation
highly efficient power electronic devices and components.
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1.2 Challenges and objectives

1.2 Challenges and objectives

Despite intense research efforts in the field of GaN material technology for power
electronics, there are numerous challenges that need to be addressed in order to fully
exploit the material potential. One of the main current obstacles is realising epitax-
ial GaN with low defect densities due to the lack of low-cost native substrates. GaN
and AlN bulk crystallization from a stoichiometric melt by use of classical methods
- such as the Czochalski or the Bridgman method - requires extreme growth condi-
tions, as GaN and AlN melt at about 2500oC and 2200oC respectively, and nitrogen
has a dissociation pressure of about 6 GPa at these melting temperatures [6]. As
a result, typically, III-nitrides are heteroepitaxially grown on foreign substrates of
relatively low-cost - such as Si, SiC and Sapphire.

In such instances, the mismatch in lattice constants and thermal expansion coef-
ficients between the layers and the substrate leads to strain and a relatively high
density of threading dislocations (TDD). TDDs along with other defects form an un-
wanted source of charge carrier scattering and therefore of leakage currents; which
must be minimised in order to utilise in full the advantages of III-nitrides for vertical
power devices [7]. Typical TDD are of the order of 109 −1010cm−2 for GaN-on-Si
and GaN-on-Sapphire and 108 −109cm−2 for GaN-on-SiC [8] [9].

Homoepitaxial GaN growth can allow for drastic minimization of dislocation densi-
ties and has been realized using GaN substrates that are grown either ammonother-
mally [10] or by hydride vapour phase epitaxy (HVPE) [11]. Homoepitaxial GaN
on HVPE substrates results in epilayers with TDDs of the order 106cm−2 ; a factor
of about 5-10 lower than the typical TDDs in heteroepitaxially-grown GaN layers
on SiC substrates for instance. Large-scale commercialisation of devices based on
homoepitaxially-grown GaN is currently hampered by the price of the HVPE-grown
GaN wafers (about 500$/cm−2). However, it is anticipated that the large demand
will drive down the cost of GaN substrates in the near future.

Good control of the thickness and net doping in the drift layers is paramount to
achieve the highest voltage theoretically possible for a given material. Drift layers
in vertical GaN power devices are typically grown by metal-organic vapour-phase
epitaxy (MOVPE), that inevitably introduces incorporation of impurities such as
hydrogen, oxygen and carbon, as a result of the metal-organic source for Gallium.
Carbon is an amphoteric dopant in GaN, but in n-type material it introduces deep
acceptor states by occupying nitrogen sites [12] thereby compensating intentional
n-type doping. The concentration of unintentional impurities can, to a certain extent,
be limited by working at high growth temperatures, high pressures and high III/V
ratios (see for further details Section 5.1), however, this results in an undesired
decrease of the growth rate [13].

Therefore, the main scientific challenges that this work has aimed to tackle revolve
around the development of appropriate approaches to optimise the properties of
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GaN and AlGaN drift layers on GaN sbstrates at sufficiently high growth rates for
their implementation in power devices. They may be summarized as follows:

(i) Development of high-quality, thick (i.e., above 5µm) and crack-free GaN
and AlGaN drift layers by MOVPE, to enable higher breakdown voltages for
power devices.

(ii) Optimization of growth variables to limit the Carbon-concentration below
1016cm−3, while maintaining a reasonably fast growth rate.

(iii) Minimization of TDDs by limiting them to an upper threshold of 106cm−2.

(iv) Minimization of the surface roughness to root mean square (RMS) values of
the order ∼ 0.1nm.
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2
Group-III nitrides
2.1 Chemical bonding and crystal structure

Group III-nitrides (GaN, AlN, InN and their alloys) are direct bandgap semiconduc-
tors. The stronger electronegativity of Nitrogen compared to the rest of the group
V elements, gives rise to a predominantly ionic bond between the group-III cations
and Nitrogen anion This ionic bond is energetically stronger as compared to the
covalent and partially ionic bonds of the corresponding group III-arsenides or III-
phospites, for instance. In addition, the smaller covalent radius of Nitrogen allows
for comparatively smaller lattice constants. These two factors account for the high
chemical and thermal stability, and the variation in bandgaps across a wide range:
from the ultrawide bandgap of AlN (6.14 eV [14]), to the wide bandgap of GaN
(3.43 eV [14]), and the narrow bandgap of InN (0.64 eV [15])1.

III-nitrides can crystallize in either the wurtzite (WZ), zincblende (ZB) or the rock-
salt (RS) crystal structures. The wurtzite structure is the thermodynamically stable
structure, while the latter two are metastable; where the rocksalt crystal structure
requires higher pressure conditions in order to be stabilised [17] Hence, wurtzite
GaN, In and AlN are encountered more frequently in practice. In the remaining part
of the thesis we only refer to wurtzite III nitrides.

The wurtzite unit cell – shown in Figure 2.2 for GaN – is composed of two alter-
nating hexagonal close-packed (hcp) sublattices; one consisting of nitrogen anions
N3− the other of group-III cations (Al3+,Ga3+,In3+). Each nitrogen atom is sur-
rounded by three group III atoms, forming a trigonal pyramid, while each Group
III atom is coordinated to four nitrogen atoms. The wurtzite structure is described
by the lattice constant perpendicular to the hexagonal unit cell, c, (i.e., along the
[0001] direction, or the c-axis), and two in-plane (basal plane) lattice constants a
and b, equal in length. The parameter that characterizes the distance between the
two interlocking sublattices is the internal wurtzite structure parameter, u, given
by the ratio of the anioncation bound length to the lattice constant c. In the ideal
wurtzite unit cell, u = 3c/8 and c

a =
√

8/3. However, deviations occur due to the
strong III-N ionic bonds, that distort the unit cell slightly [19] (Table 2.1).

1 Note that these are the room temperature bandgap values.
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Chapter 2. Group-III nitrides

Figure 2.1 Room temperature bandgaps of III-nitrides in their Wurtzite and Zincblende
structures and those of the corresponding III-arsenides, III-phosphides and III-antimonides,
plotted versus the respective in-plane lattice constant. The lattice constants of SiC, sapphire,
Si and GaAs, commonly used as substrates, are also indicated [16].

Figure 2.2 Wurtzite unit cell of GaN. From [18]
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2.2 AlGaN alloys

Table 2.1 Lattice constants, internal structure parameters and bandgap energy values at
zero Kelvin for WZ III-nitrides.

Lattice constant (Å) [20] Internal Parameter [21] Eg(T=0K) (eV) [14]
a c u Eg

GaN 3.189 5.185 0.376 3.51
AlN 3.112 4.982 0.380 6.25
InN 3.533 5.693 0.377 0.69

2.2 AlGaN alloys

AlN and GaN are miscible at all tempertures and compositions, thanks to the ab-
sence of a miscibility gap [22]. For calculations of the lattice parameters of III-
nitride alloys, a linear relation between alloy composition and lattice constant can
be assumed (Vegard’s rule [23]), yielding, for example the ternary AlxGa1−xN al-
loy, a lattice parameter of

aAlxGa1−xN = xaAlN +(1−x)aGaN (2.1)

where aAlN, aGaN, and x, are the lattice constants of GaN, AlN and the molar frac-
tion of AlN in AlxGa1−xN, respectively.

For AlxGa1−xN, the bandgap exhibits a non-linear dependence of the molar fraction
of AlN, expressed by the empirical relation [24]:

Eg(AlxGa1−xN)) = xEg(AlN)+(1−x)Eg(GaN)−bx(1−x) (2.2)

where Eg(AlN) and Eg(GaN) are the bandgaps for AlN and GaN, respectively, and
b is the so called bowing parameter, which quantifies the deviation from Vegard’s
rule. The value of b is a function of the accumulated strain in AlGaN epilayers; itself
a function of the growth conditions, substrate and epilayer thickness [25] AlGaN
alloys permit tailoring the bandgap in the range 3.4 eV - 6.2eV as shown in Figure
2.1.

2.3 Polarity

Wurtzite III-nitride crystals are polar, due to the lack of inversion centre perpendic-
ular to the c-axis. In other words, their surfaces are said to be either group-III polar
(or Ga-, Al-, In-polar), or N-polar (or N-polar) in a given direction. By convention,
the material is N-polar if the triple bonds of the group-III atom are oriented along the
[0001] axis and metal-polar if oriented along the [0001] axis (Figure 2.3). Polarity
is an important material property that affects the surface morphology of epilayers,
concentration of defects and dopant incorporation [26], and can be controlled by the
substrate orientation and/or the growth conditions. For MOVPE growth of smooth
GaN epilayers, Ga-polar substrates are used, as also implemented in this thesis.
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Chapter 2. Group-III nitrides

Figure 2.3 Schematic of a wurtzite GaN lattice depicting Ga-polar GaN (left) and a N-polar
(right) in the <0001> direction. The growth direction is indicated [16].

2.4 Spontaneous and piezoelectric polarizations

Due to the higher electronegativity of N-atoms relative to group-III atoms, each
III-N bond behaves like an electric dipole, with the field pointing from the metal
atom towards the Nitrogen atom, with the dipole moment conventionally oriented
in the opposite direction. In an ideal wurtzite unit cell, c

a =
√

8/3; as a result the
individual tetrahedral molecules have bond angles α = β = 109.47 [19], thus the
vertical and in-plane dipole moment components would vanish. For III-nitrides,
distortions of the unit cell due to the strong electronegativity differences between
atoms lead to α < β , giving rise to an overall vertical microscopic polarization

−→
P

in each tetrahedron, that points from Nitrogen to the metal atom as shown in Figure
2.4 below.

Figure 2.4 A strain-free GaN tetrahedron exhibiting net spontaneous polarization (left).
Diagram depicting the induced surface polarization charge in GaN (right).

As a result, a corresponding macroscopic polarization is observed – called ‘sponta-
neous’, since it occurs in strain-free conditions – defined as the spontaneous dipole
moment per unit volume,

−→
PSP = n⟨p⟩ where n is the number of dipoles per unit vol-
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2.5 Point defects and doping

ume, and ⟨p⟩ the average dipole moment associated with the individual (non-ideal)
tetrahedral III-nitride molecules. The magnitude of the spontaneous polarization,
|−→PSP|, depends on the electronegativity difference between the N- and group-III
atoms (Al, Ga, In) that determines the extent of distortion of the ideal wurtzite unit
cell, while its direction is determined by the polarity of the material;

−→
PSP points

along the [0001] direction for metal-polar surfaces and along [0001] for N-polar
surfaces.

As a result of the spontaneous polarization - though there will be no net charge in
the bulk, due to moments cancelling out between neigboring dipoles - positive and
negative surface charges are induced on the N- and metal-terminated faces, respec-
tively, even in unstrained and defect-free III-nitride materials. These polarization
induced surface charges are what enable the formation of tw-dimensional electron
gas (2DEG) in AlGan/GaN high mobility transistors (HEMTs).

In addition to the macroscopic spontaneous polarization, a piezoelectric polariza-
tion

−→
PPZ is also present in AlGaN/GaN heterostructures as a result of the strain that

derives from the mismatch in lattice constants between the layers. The magnitude
of

−→
PPZ will depend on the piezoelectric and elastic coefficients of the alloy [27],

while its direction depends on the nature of the strain (i.e., whether it is tensile or
compressive) and on the polarity of the substrate. For instance, for AlGaN growth
on thick Ga-polar GaN substrate, the epilayer will be under tensile stress due to the
smaller in-plane lattice constant of AlGaN relative to GaN. As a result the polariza-
tion components of the triple bonds in vertical direction will decrease, producing a
piezoelectric polarization parallel to

−→
PSP.

2.5 Point defects and doping

The intrinsic carrier concentration (ni) in a bulk (3D) semiconductor is a thermally-
activated process that depends on the bandgap Eg and the effective density of
states in the conduction band (NC) and the valence band (NV) via the relation
ni =

√
NCNVexp(−Eg/2kT), where k and T are the Boltzmann’s constant and the

temperature, respectively. The intrinsic carrier concentration in GaN and AlN prac-
tically vanishes at room temperature thanks to the large bandgap.

To control the conductivity of semiconductors, intentional impurity atoms with dif-
ferent valence states to host atoms are introduced in the lattice to replace some of
the host atoms – a process called doping [28]. Doping necessarily leads to the for-
mation of localized imperfections in the ideal crystal lattice (i.e., extrinsic point
defects) due to the difference in properties of the host atoms and impurity atoms.

For p-type doping in GaN, group-II atoms are intentionally incorporated into the
lattice to substitute for group-III atoms. N-type doping is achieved by intentional
impurity group-IV atoms substituting for group-III atoms. Group-IV atoms intro-

17



Chapter 2. Group-III nitrides

duce donor energy levels in the bandgap for extra electrons, while group-II atoms
introduce acceptor energy levels for holes. The impurity donor/acceptor states are
called shallow if their ionization energies are well approximated by the hydrogenic
approximation; which in a bulk crystal reads, Ei ≈ 13.6eV×m∗

e,h/ε2
r m0, where m∗

e ,
m∗

h and m0 are the effective masses for holes, electrons, and the free carrier mass
respectively, and εr the relative permittivity for the material. In GaN (εr = 10.4,
m∗

e
mh

≈ 0.2, m∗
h

mh
≈ 1.2) shallow donors have energies of about 25meV below the con-

duction band, while shallow acceptors 150meV above the valence band. Under suf-
ficient thermal energy, the electrons (holes) are excited up (down) to the conduction
band (valence band), realising a n-type (p-type) semiconductor.

In choosing an appropriate dopant (substitutional impurity atom) for a given semi-
conductor, in addition to the ionization energy of its impurity states, its solubility
and diffusivity in the material, must also be considered. Silicon, if substitutional for
Ga (SiGa) in GaN, creates a shallow donor state 27meV below the bottom of the
conduction band [29], and is more soluble than other possible donors (Ge, Se) of
larger atomic radii. As a result, Si is the dopant of choice for n-type GaN. P-type
doping in GaN is more challenging. It is achieved through doping by Mg, which
acts as a shallow acceptor, creating acceptor states with ionization energies of about
200meV. As a result, only a fraction of holes are activated at room temperature.

MOVPE grown GaN is always unintentionally doped (UID-GaN,) however. As a
result, intentional doping is always enhanced or compensated. This occurs due to a
combination of:

(a) the incorporation of residual (impurity) atoms during MOVPE growth

(b) the formation of intrinsic (or native) point defects in the lattice, such as Gallium
vacancies (VGa), Nitrogen vacancies (VN), interstitials (atoms occupying non-
lattice positions) that necessarily occur at finite temperature to minimize the
Gibbs free energy of the system.

The unintentional impurities in MOVPE growth are referred to as background (or
residual) impurities, and include O, H, C, and Si. They create energy bands at either
the deep or shallow donor (acceptor) level, thereby compensate intentional accep-
tors (donors). Deep states acts as electron traps, enabling to leakage current and
low resistance in the ON state [30]. Background impurity concentrations are highly
sensitive to the growth conditions; the latter must be optimised to minimize their
incorporation.

Incorporation of background O in UID-Gan layers occurs when TMGa and NH3
precursors are exposed to Oxygen from any oxide present in the reactor parts, and
the water that infiltrates the chamber during loading / unloading of the samples. It
can be minimized to values of 1015 cm−3 by lowering the reactore pressure down
to high-vaccum levels (10−5 mbar) prior to growth. Atomic hydrogen is introduced
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2.6 Material properties relevant to power electronics

Table 2.2 Room-temperature physical properties relevant for power electronics for major
semiconductor materials: Si, Sic, GaN, AlN, β −Ga2O3 and Diamond. The critical field
values assume Nd = 1016cm−3.

Material Bandgap (ev) Relative permit-
tivity

Electron mobility
(cm2V−1s−1)

Critical field
(MVcm−1)

Thermal con-
ductivity
(Wm−1K−1)

BFOM =
1
4 εµE3

c(1020V2s−1cm−1)

Si 1.1 11.9 1300 0.3 130 1
SiC [32],[33],[34] 3.3 9.7 800 2.5 490 303

GaN [35],[33],[36],[37] 3.4 10.4 (∥ to c-axis) 1200 3.4 230 1230
AlN [32],[33] 6.3 9.14 300 12 270 11850

β −Ga2O3 [32] 4.9 16.3 150 10.3 27 6680
Diamond [32] 5.5 5.7 2000 13 2290 62620

from the dissociation of molecular hydrogen (an important carrier gas in MOVPE),
NH3 and metal-organic (MO) precursors. The most important source of background
C derives from the dissociation of the CH3 ligands present in TMGa. Sources of
Si include the SiC-coated graphite susceptor. The purity of the precursors in also
important to minimise O and Si concentrations.

In UID-GaN, C acts like an amphoteric dopant; it behaves as a shallow acceptor if
substituted to a Nitrogen site (CN), and acts as a deep donor if substituted to a Ga
site (CGa). In n-type GaN, C acts as a deep acceptor, compensating intentional Si
(n-type) doping [12]. Similar to background Si, Oxygen introduces shallow donor
states (27meV) via substitution for N atoms. These are activated at room tempera-
ture and serve to unintentionally dope GaN or enhance its intentional n-type doping.
H behaves as an acceptor in n-GaN, however, despite it high abundance in MOVPE
growth, its incorporation in n-GaN is limited due to the high energy needed for the
formation of this substitutional defect [31].

While in theory GaN can be doped up to ≈ 1022cm−3, compensation due to na-
tive defects limit the possible doping concentrations to below this upper limit [32].
Native defects such as vacancies (VGa), Nitrogen vacancies (VN), also serve to in-
troduce trap states in the bandgap and thereby compensate intentional doping to
varying degrees (depending on whether they are shallow or deep) [3]. VN and VGa
act as a shallow donor and deep acceptor, respectively being the most common na-
tive defect in GaN, thanks to its relatively lower formation energy.

2.6 Material properties relevant to power electronics

Table 2.2 summarizes the material properties of major semiconductor materials rel-
evant for power electronics. The WBG SiC (Eg = 3.3 eV) and GaN (Eg = 3.4 eV)
have high critical electric fields and hence they exhibit significantly higher Baliga

Figure of Merit (BFOM) compared to Si. Since the BFOM is defined as V2
br

Ron
or

1
4 εµE3

c , this translates to the ability to block higher voltages in the off-state and
offer better conductivity in the on-state for power devices.

SiC technology is more established in power device applications compared to GaN.
SiC has a higher thermal conductivity than GaN, similar bandgap, and is more cost-
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effective. However, GaN shows more promise for power devices due to its larger
critical field and higher electron mobility, resulting in four times higher BFOM.
Other materials with higher bandgap, such as diamond, AlN/AlGaN and Ga2O3, are
categorized as ultra-wide bandgap (UWBG) materials. They possess substantially
larger BFOMs, promising even better performance in power electronic applications.

The relationship between BFOM, RON and Vbr for the main semiconductors is illus-
trated in Figure 2.5. Contours of constant BFOM are plotted, where a larger BFOM
indicates a higher breakdown voltage for a given ON-resistance.

Figure 2.5 Log-log plot of ON-resistance versus breakdown voltage, for Si, Sic, GaN, AlN,
Ga2O3, Diamond and c-BN (cubic Boron Nitride). Figure from [32].

Certain practical and theoretical challenges currently restrict the widespread appli-
cation UWBG semiconductors in high-power devices. For diamond and AlN, dop-
ing presents difficulties due to their large bandgaps. Additionally, AlN substrates
(for homoepitaxy) are expensive and not easily obtainable. Heteroepitaxy on GaN
substrates is limited to low Al-content. Although Gallium oxide offers the signifi-
cant advantage of cheap and readily available high-quality native substrates grown
from bulk, addressing its low thermal conductivity requires innovative device archi-
tectures and processing methods.

2.7 Strain and dislocations

Epitaxy is a process that involves the deposition (growth) of a crystalline layer (epi-
layer) on top of a substrate. If the grown layer and the substrate are the same ma-
terial, the process is termed homoepitaxial. If the layer and substrate material are
different from each other, the process is referred to as heteroepitaxial. In such case,
there are differences in lattice constants (lattice mismatch) and thermal expansion
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2.7 Strain and dislocations

coefficients between the two. Lattice mismatch (or misfit) is defined as:

f =
aS − aL

aL
(2.3)

where aS and aL are the unstrained in-plane lattice constants of the substrate and the
layer, respectively.

In the heteroepitaxy of thin epilayers on considerably thicker substrates, and where
the lattice mismatch is no greater than a few percent, the epilayer will elastically
strain biaxially to adopt the in-plane lattice constant of the substrate, aS,∥. This is
called coherent growth, as no structural lattice defects are formed. If the unstrained
in-plane lattice constant of the layer, aL,∥, is greater than the corresponding lattice
constant of the substrate aS,∥ the in-plane strain will be compressive (Figure 2.6
(left)). If aL,∥ < aS,∥, the in-plane strain is tensile (Figure 2.6 (right)). For com-
pressive / tensile strain, the layer will expand / contract vertically to preserve bulk
density. Such layers are termed pseudomorphic [38].

Figure 2.6 Epilayers under compressive in-plane strain (left), and tensile in-plane strain
(right). The layers are pseudomorphic, because they are elastically strained. From [39].

Strain energy accumulates as the layer grows thicker, and it does so at a faster rate
for higher values of lattice mismatch. There exists a critical layer thickness, which
scales inversely with the lattice mismatch, beyond which the strain energy is higher
than the formation energy for extended structural irregularities in the crystal lattice.
As a result, the crystal relaxes the accumulated strain energy in the layer by a plastic
deformation through the introduction of extended defects (dislocations) at the inter-
face between the layer and the substrate. At the end of the process, the layer’s lattice
constant approaches its natural (unstrained) value, reducing the misfit. In such a way
the Gibbs free energy at the interface, which is the sum of the stored strain energy
and the formation energy of the dislocation, is minimized.

Dislocations represent one-dimensional (1-D) or line defects. Dislocations are de-
scribed by the line dislocation vector

−→
l along which the crystal lattice is disrupted,
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and the Burges vector
−→
b , whose direction and magnitude respectively describe the

direction and amount of distortion from an otherwise perfectly periodic lattice. Dis-
locations for which

−→
b ∥

−→
l are called screw dislocations. (Figure 2.7 right), as they

involve spiral distortion in the lattice structure by an amount equal to |
−→
b |. Disloca-

tions for which
−→
b ⊥

−→
l are called edge dislocations’ (Figure 2.7 left) they involve

the introduction of a half-plane spanned by
−→
b ×

−→
l and

−→
l . Most dislocations have

a mixed character between the two groups, with angles between b an l between 0
and 90 degrees.

Figure 2.7 Edge (left) and screw (right) dislocations. From [39]

Dislocations can form closed loops or clusters within the crystal, terminate at grain
boundaries (two-dimensional arrays of dislocations), merge and / or annihilate with
another dislocation, or penetrate and terminate at the surface giving the appearance
of pits in atomic force microscopy (AFM) images.

A variety of models have been developed to estimate the critical thickness for plas-
tic deformation in strained wurtzite-type epilayers, that minimises the total energy
at the interface. A commonly accepted model is that of Fischer et al. [40], which for
AlGaN-on-GaN predicts the behaviour shown in Figure 2.8 for the critical thick-
ness as a function of Al composition, x. The critical thickness decreases with in-
creasing Al content, due to the increase in tensile strain. Growth beyond critical
thickness without application of appropriate strain management strategies would
lead to cracks in AlGaN.

Dislocations in epilayers are undesired as they perturb the lattice potential, thereby
serve as scattering or trap centers for carriers, affecting the mobility of carriers and
offering paths for current leakage that degrade device performance [5]. One po-
tential mechanism for the leakage currents below the breakdown voltage involves
the hopping of carriers between dislocation traps [42]. The dangling bonds along
the dislocation lengths introduce deep states within the bandgap, which deteriorate
the physical performance of the crystal. The strain field around their cores can at-
tract point defects; thereby they can act as nucleation sites for precipitates of dopant
atoms activated by thermal energy during growth or device processing, inducing
local inhomogeneities in material properties. Hence, minimizing dislocations and
achieving crack-free epitaxial layers are particularly important for their implemen-
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2.7 Strain and dislocations

Figure 2.8 Critical thickness for plastic relaxation in AlGaN, plotted versus Al content, x.
Calculated in [41] for dislocations with a 60° angle between the Burgers and line dislocation
vectors.

tation in electronic devices.

Reduction of threding dislocation density (TDD) in heteroepitaxial layers can be
achieved by the introduction of a relatively thick layer between the epilayer and
substrate, of the same lattice constant and thermal expansion coefficient as the epi-
layer, the so-called buffer layer. As a result of the lattice mismatch, this buffer layer
will plastically relax and adopt its unstrained lattice constant. This allows for the
growth of nearly dislocation-free and crack-free epilayers on top, as dislocations are
restricted and annihilate within the volume of the thick buffer, inhibiting the pene-
tration of threading dislocations to the active part of the device. This method has the
advantage that the TDD reaching the epilayer decreases inversely with buffer thick-
ness; however impractically thick micrometer-sized buffers are generally needed to
sufficiently decrease the TDD [39]. Another method involves the growth of a com-
positionally graded buffer; that is, an alloy where the value of the lattice constant
is changed continuously or in a stepwise manner by tuning the alloy parameters
from the lattice constant of the substrate below the buffer to the value of the lattice
constant of the epilayer above. For instance, for the growth of thick drift layer of
Al0.06Ga0.94N− on−GaN, the gradation can be achieved step-wise by tuning the
Al molar fraction from a lower value at the interface with the substrate, to a value of
0.06 at the interface with Al0.06Ga0.94N. As a result, it is possible to limit the accu-
mulation of tensile strain energy at each interface to values that are generally lower
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than the formation energy for dislocations or crack propagation. This is achieved
due to the lower mismatch between neighboring layers in a single step, as com-
pared to the mismatch between AlGaN and substrate, resulting in generally lower
dislocation density. The dislocations that are formed bend at each interface in the
grading, annihilating as they meet. This method promises to enable the growth of
crack-free AlGaN with low dislocation density beyond the critical thickness. How-
ever, achieving it requires simultaneous optimization of various variables; including
the total buffer thickness, the number of grading steps, the doping of the buffer, and
the step size relative to the total buffer thickness. Certain studies have indicated
that thicker graded buffers for a fixed number of steping layers may not always be
beneficial. Contrary to intuition, increasing the number of steps for a given buffer
thickness does not necessarily lead to improved results either [43]. The strain re-
laxation efficiency of the graded buffers is also known to depend on the growth
temperature and growth rate [44].

Buffer layers aim to address another critical issue related to the thermal mismatch,
which is often calculated in terms of percentages as [(αL −αS)/αL]× 100, where
αL −αS is the difference in coefficients of thermal expansion (CTE) between the
layer and substrate. As temperature is varied, to first order the lattice constant of
crystals obeys the following relation:

a(T) = a(T0)[1+α(T−T0)] (2.4)

where T0 is the initial temperature. Large thermal mismatches between layers
and/or substrate can lead to the accumulation of significant amount of strain en-
ergy during cooling to room temperature after epitaxy. In case of tensile strain, this
can lead to cracks in epitaxial layers. CTEs are complicated functions of tempera-
ture as seen in Figure 2.9 for GaN and AlN. This suggests that the minimization of
dislocation densities requires appropriate post-growth cooling rates.

2.8 Substrates for GaN homo- and hetero-epitaxy

If the substrate used for epitaxy is non-native (foreign) to the layers, as in het-
eroepixaxy, additional layers are needed for strain accommodation. At each inter-
face between the additional layers, extended defects can occur due to the lattice
and CTE mismatch. Homoepitaxy offers the best route to avoiding the formation
of dislocation microstructures that appear in heteroepitaxy. The ideal substrates in
epitaxy should be a) high quality, b) perfectly (or nearly) structurally and thermally
matched with the epilayer, and c) cheap. In addition, substrates are typically miscut
across their epi-surface, by about a tenth of a degree, in order to promote step-flow
growth – which enables higher growth rates for a certain supersaturation, as well as
uniform alloying and dopant incorporatation. Therefore, in order to ensure lateral
uniformity in the off-cut across the substrate, it is desirable for the ideal substrates
to also have minimal bowing.
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2.8 Substrates for GaN homo- and hetero-epitaxy

Figure 2.9 Temperature dependence of the CTE for GaN and AlN. Adapted from [45].

However, GaN crystal growth from melt (as in liquid phase epitaxy) requires ex-
treme conditions, because of: i) the high equilibrium partial pressure of Nitrogen
(60kbar) at the high melting temperature of GaN (2200◦C) and ii) for temperatures
below 2200°C, N dissociates from GaN (incongruent evaporation). Similar difficul-
ties are encountered for the growth of AlN ingots from melt. For the growth of III-
nitride substrates therefore, vapour phase and solution-based growth methods have
been developed. Halide Vapor Phase Epitaxy(HVPE) and amonethermal methods
for the growth of GaN substrates are still limited to the production of small wafer
sizes compared to Silicon, with higher defect and dislocation density than Si wafers
and substantial cost. As a result, the epitaxy of GaN has typically been performed
on foreign substrates, such as Si, SiC or Sapphire (Al2O3).

Heteroepitaxy of GaN on SiC substrates offers lower defect densities than on sap-
phire and Si substrates, due to the lower lattice mismatch (Table 2.3), but it is much
more expensive by comparison. The higher thermal conductivity of SiC provides
better thermal dissipation for power devices as well, but SiC is much more expen-
sive by comparison. GaN on sapphire (001) experiences considerable compressive
strain due to the higher thermal and lattice mismatch, resulting in higher edge and
screw dislocation densities, wafer bowing and rougher surface morphology. In ad-
dition, GaN-on-sapphire is not a good choice for power electronics due to the com-
paratively low thermal conductivity. Si and sapphire are similarly structurally mis-
matched to GaN, but Si substantially more thermally mismatched. Due to the the
larger lattice constant of Si (111) compared to GaN (0001), GaN-on-Si is typically
already tensely strained at growth temperature. The larger CTE of GaN relative to
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Table 2.3 Material properties of commonly emmployed substrates for GaN epitaxy: Si,
SiC, Sapphire and GaN.

Si SiC[34][46] Sapphire GaN

In-plane lattice constant at 300K (Å) 5.431 3.080 4.765 [32] 3.189
In-plane CTE (10−6K−1) 2.4 [8] 3.3 5.0 [8] 5.6 [8]
In-plane lattice mismatch -70% (on (111) Si) 3.4% -49% 0∗

In-plane CTE mismatch 57% 41% 11% 0
GaN epilayer dislocation density (cm−2) ≈ 109[8] ≈ 5×108 [9] ≈ 109[8] 104 −106 [32]

∗ GaN substrates used here are fabricated by HVPE method, which is based on heteroepitaxy and subsequent removal of the substrate to

produce the quasi-bulk GaN material. Hence, a small difference from relaxed (ideal) GaN lattice constants is expected.

Si stipulates further additional the strain during cool-down to room temperature,
resulting the formation of multiple cracks.

For the growth of high-quality AlGaN drift layers for vertical power devices, GaN
substrates are a good choice for low Al contents. For higher Al contents, AlN sub-
strates are ideal, as the strain is compressive instead of tensile, avoiding the forma-
tion of cracks. GaN homoepitaxy on bulk GaN substrates produces epitaxial layers
of the lowest dislocation density. Free-standing AlN and GaN substrates are cur-
rently very expensive, however.
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3
MOVPE
3.1 General concepts

MOVPE has become the method of choice for the epitaxial growth of group-III
nitride based materials and device structures. It is the most versatile epitaxial tech-
nique. Its major advantages include reproducible high quality growth of uniform
epitaxial layers with very low concentration of impurities, at high growth rates and
yields. In-situ monitoring systems allow for monitoring and the optimisation of the
growth process.

In MOVPE reactors crystalline growth is realized via the decomposition through the
chemical reactions of the gas-phase precursors (source compounds) at the surface of
the substrate where the elements for growth are released. The precursors involved
in the reaction can be hydrides (such as silane or arsine) and volatile molecules
in metal-organic form MRn, where M is the source metal element and Rn alkyls
radicals such as (methyl or ethyl) which serve as organic ligands. For the MOVPE
growth of GaN, the overall reaction typically involves the metal-organic (MO) pre-
cursor trimethylgallium (TMGa) and ammonia.

Ga(CH3)3 +NH3 → GaN+3CH4 (3.1)

A coherent account of the overall MOVPE growth process involves the description
of a variety of interconnected processes, each of which controls certain aspects of
the growth process. Thermodynamics defines the maximum driving force for the
growth, while hydrodynamics (mass transport) determines the diffusion rate of the
precursors to the vapour / solid interface. Kinetics controls the rates of the processes
that occur at the surface, such as chemical reactions and diffusion rates. The latter
two will also depend on the chemistry of the precursor molecules used, and on
the details of the surface – such as its orientation and reconstruction. The MOVPE
growth process is also highly sensitive to the reactor hardware and configuration, as
well as to the growth conditions, defined by variables such as temperature, reactor
pressure and V / III ratio.

Figure 3.1 illustrates a simplified description of the steps that occur during the
MOVPE growth process of GaN. The metal organic precursor TMGa and ammonia
are carried to the reactor by the carries gases H2 and N2 – the driving force being
the pressure difference between the inlet (high-pressure region) and outlet (low-
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Figure 3.1 Simplified schematic description of the steps that occur during the MOVPE
growth process of GaN.

pressure region). Next, the precursors diffuse vertically from the high concentration
at the inlet down to the lower concentration at the substrate, ideally under laminar
flow to ensure uniformity in growth rate. At the surface, they thermally decompose
and undergo surface chemical reactions, releasing active species (adatoms) which
adsorb on the substrate. The absorbed species diffuse laterally across the substrate
until they either nucleate, or are incorporated into an atomic step, to a stable nu-
cleus, or to suitable crystal sites (such as kink sites); resulting in growth of GaN
solid. Evaporation of the MO species from the substrate is also possible at higher
temperatures. The latter, together with the gas-phase by-products of precursor de-
composition and surface reactions are pumped out of the system through the exhaust
pump.

The gradient in MO precursor concentration between the inlet and substrate where
they are consumed, is generally smoothed out within a stagnant boundary layer,
with strong consequences for the MOVPE growth process. Figure 3.2 illustrates the
velocity profile of a laminar and isothermal flow of a gas near a flat substrate. The
combined effect of frictional forces from the reactor walls and substrate on the MO
precursor molecules serve to slow down the diffusion process and hence the gas
velocity component ux decreases from its the free-stream gas velocity uo down to
zero at the substrate. This region defines the boundary layer. The gradient in con-
centration and hence the diffusion rate to the substrate decreases with the thickness
of the boundary layer, limiting the growth rate. The boundary layer thickness in-
creases with the viscosity υ of the MO precursor gas and distance x traveled across
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the substrate according to the following proportionality relation

δ (x) ∝

√
υ

u0
x (3.2)

It follows that the use of H2 as a carrier gas allows for a higher growth rate due to
its lower viscosity relative to N2. A higher reactor pressure has the opposite effect,
as it decreases the laminar gas velocity, leading to a thicker boundary layer - and to
a slower growth rate as a result - and less Carbon incorporation [13]. The boundary
layer becomes thinner with increasing gas flow rates.

Figure 3.2 Schematic representation of a boundary layer with thickness δ forming above
the surface of a flat thin plate under a laminar gas flow.

3.2 Growth regimes

The growth rate is determined by the slowest of the steps described above. Process
steps such as evaporation, mass transport and kinetics are temperature dependent.
This results in three main growth regimes as a function of growth temperature Tg,
as illustrated in the log-log plot in Figure 3.3.

Kinetically- or reaction-limited growth regime. In this regime, the supply rate of
precursors from the gas-phase to the vapour-solid interface is well above the growth
reaction rates. At relatively low growth temperatures Tg there is insufficient thermal
energy for thermally-activated processes, such as precursor decomposition, surface
diffusion and chemical reactions. The growth rate, therefore, is limited by reaction
kinetics and follows an Arrhenius dependence on temperature.MOVPE is generally
not conducted in this regime because the growth rate is highly sensitive to tempera-
ture, making it challenging to achieve the desired control.

Transport- or diffusion-limited regime. At higher growth temperatures there is suf-
ficient thermal energy for fast kinetics, but the diffusion of the gas-phase precursors
(mass transport) through the stagnant boundary layer to the vapour-solid interface
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Figure 3.3 Temperature dependence of the growth rate, Rg where the three main growth
regimes are indicated.

is the limiting factor for the growth rate of epilayers. In the growth of III-nitrides,
typically ammonia is oversupplied as it is substantially more volatile than group-
III precursors. In other words, V / III ratios of the order of a thousand are used.To
achieve stoichiometric growth of GaN however, equal numbers of Gallium and Ni-
trogen atoms are extracted from the gas-phase precursors [47]. As a combined re-
sult, the partial pressure of ammonia at the interface, will not drop much from its
value at the source, but the partial pressure of TMGa will experience a sharp drop
depending on the incorportation rate of Ga into the solid. As a result, the growth
rate in the mass transport regime is mainly controlled by the input partial pressure
of Ga, the diffusivity of group-III precursor through the boundary layer and on the
thickness of the latter. The linear dependence of the flux of group-III precursors
arriving at the interface – and hence of the growth rate - on the input partial pres-
sure of TMGa is quite convenient for MOVPE, as the latter can be easily controlled
through the flow rate of TMGa into the reactor. This is one of the main reasons why
MOVPE growth of planar layers is performed at this growth regime. In addition,
the weak temperature dependence of the growth rate in this regime is convenient
for controlled growth of planar layers with uniform doping level, alloy composi-
tion and smooth surface morphology. The growth rate in the mass transport regime
can be increased by reducing the reactor pressure Ptot, as this diminishes both the
diffusion constant and the thickness of the boundary layer, allowing for larger flux
of precursors to the interface – but at the expense of higher unintentional Carbon
incorporation [13].

Desorption regime. At higher growth temperatures, there is sufficient thermal en-
ergy for the adatoms to overcome the desorption barrier and evaporate / desorb
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Figure 3.4 Simplified schematic of a MOVPE system.

from the surface, leading to layer decomposition. In addition, very high tempera-
tures promote gas phase reactions and deposition on reactor sidewalls, which reduce
the available active reactant species at the interface. As a result, in the desorption
regime, the growth rate decreases with increasing temperature.

3.3 Close-coupled showerhead (CCS) MOVPE system

Figure 3.4 depicts a simplified schematic of a close-coupled showerhead (CCS)
MOVPE system. The left side of the diagram depicts the gas blending system which
controls the flow and the mixing of the carrier gases (N2 and H2), Group-III pre-
cursor and hydride gases. The flows are enabled by the switching of electronically-
controlled vales, and quantified through mass-flow controllers (MFC) in units of cu-
bic centimeters per minute (ccm). MO precursors and ammonia gas are transported
to the reactor via two different carrier lines, to avoid their pre-reaction. Substrates
for growth are placed in sunken pockets of a substrate carrier called susceptor, which
is made of SiC-coated graphite and is resistively heated up to growth temperature.
Reactor pressure Ptot is controlled by the throttle valve at the end of the reactor,
while unreacted and unused by-products of chemical reactions are filtered out in a
scrubbing system.

MO precursors are stored in liquid baths - bubblers - at highly-controlled ambient
temperature to ensure a well-defined precursor equilibrium vapour pressure, given
in units of mbar by

Peq,MO = 10a−b/T (3.3)

where T is the storage temperature in the liquid in units of Kelvin, and a and b are
parameter with values 8.07 and 1703 K respectively for TMGa, and 8.22 and 2134 K
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respectively for TMA. The bubbler storage temperatures of TMGa and TMAl were
in the range 4-10 Celsius and 14-20 Celsius, respectively. To initiate a flow of MO
precursors out of the bubblers, a flow QMO (in ccm) of carrier gas is injected into
the thermal bath, creating liquid bubbles enriched in MO molecules. The resulting
bubbler pressure PB is read by a pressure controlled at the outlet port of the bubbler.
This serves to extract an actual precursor flow given in units of ccm by Qa,MO =
QMOPeq,MO
PB−Peq,MO

. The input partial pressure of the MO precursors can be estimated from
the relation

PMO = Ptot
Qa,MO

Qtot
, (3.4)

where Qtot the cumulative sum of QMO flows, ammonia and carrier gas flows, in
units of ccm. The bubbler pressures for TMGa and TMAl were in the range 1750-
1950 mbar and 1250-1500 mbar, respectively. Another flow of carrier gas – called
push flow - is introduced into the bubbler containers to enhance the extraction effi-
ciency of the vaporised precursors, with no effect on their input partial pressures.

Precursor molar flows can be estimated from the ccm flows from the following
equation:

χMO =
QMOPeq,MO

PB −Peq,MO

1
22.4l/mol

1
1000cc/l

(3.5)

where 22.4 l/mol is the molar volume in the ideal gas approximation.

The input partial pressure of ammonia is given by PNH3 =
QNH3
Qtot

Ptot, and the V/III

ratio can be estimated by PV
PIII

=
QNH3
Qa,MO

.

Silane (SiH4) serves as the Si precursor in our MOVPE process. Its flow rate de-
pends on 4 factors: i) the MFC source flow rate, s, ii) the flow rate of the diluting H2
gas, d, iii) the flow rate of the diluted silane in the reactor, inj and iv) the fraction of
Si in the silane gas container (10−4):

QSiH4(ccm) =

(
s

s+d
× (inj)×10−4

)
(3.6)

The expected intentional Si concentration in GaN can therefore be estimated by

[Si] =
QSiH4

∑i Qa,MO,i
× 4.45× 1022cm−3 where 4.45× 1022 is the number of Ga sites

available for Si incorporation, per cubic centimetre. The latter is estimated from
6/(1.5

√
3a2c), where a and c are the relaxed GaN lattice parameters, and 6 is the

number of Ga atoms in the wurtzite unit cell. The actual and intentional n-type
doping concentration will depend on the Si incorporation on Ga sites, and the com-
pensation due to vacancies and background impurities.

Figure 3.5 illustrates the CSS reactor in cross-section. In the CSS reactor, the pre-
cursor and carrier gases are introduced through a collection of narrow (circa 0.5mm)
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3.3 Close-coupled showerhead (CCS) MOVPE system

Figure 3.5 Growth chamber for a CCS MOCVD reactor. From [48].

tubes arranged vertically on top of the reactor, which forms the showerhead. To pre-
vent pre-reactions between ammonia and MO precursors, the two gases are fed into
the reactor via two different compartment of tubes in the showerhead – called the
group-III (top) and Group-V (bottom) plenums. Each group-V tube is surrounded
by four group-III tubes, and conversely, for effective mixing of the reactants.

A tungsten-based heater situated below the susceptor and comprised of several heat-
ing zones heats the susceptor. For a uniform temperature distribution across the
entire susceptor (to within 1°C) the heater zone located at the edge receives the
highest power input to compensate for the radial gradient in heat dissipation across
the susceptor. Thermal radiation emitted below the heater is reflected back towards
the susceptor by molybdenum plates located below the heater. The temperature of
the susceptor is read by a thermocouple located under it. The susceptor is supported
on a quartz structure, and rotates at an appropriate angular velocity for a uniform
supply of precursors across its area and to decrease the boundary layer thickness
[49]. The reactor is cold-wall since a cooling water flow is fed to the sidewalls of
its chamber via a tube. To prevent premature thermal decomposition of the reactant
gases, a second flow of cooling water (circa 50°C) is provided through a tube be-
low the group-V compartment. The thicker tubes on top of the showerhead serve as
ports for the in-situ monitoring systems.

The CCS reactor is close coupled since the showerhead and susceptor are in close
proximity; separated by a vertical gap of about 11 mm. Small susceptor-showerhead
gaps provide for a thinner and uniform boundary layer thickness – and hence for a
faster and uniform growth rate - across the susceptor. The deposition of precursor
gases on the substrate is enhanced, and parasitic gas-phase reactions are reduced
thanks to the short gas-phase transport distance; further benefiting the growth rate.
Smaller gaps than about 11 mm give rise to non-uniform flow distributions across
the susceptor, leading to unwanted thickness variations in the grown epilayers, as
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well as to premature thermal decomposition of the reactant gases within the show-
erhead compartments [49].

The thicker tubes on the showerhead lid serve as ports for the in-situ monitoring
system. Laser light from the interferometer is shone vertically down the substrate
through three different ports, and the reflected light collected by a photodetector. As
a planar epilayer is grown on a substrate, conditions for constructive interference are
fulfilled at each instance when the optical path difference between the rays reflected
from its upper and lower interfaces equals an integer multiple of the wavelength λ

of the light. This gives rise to Fabry-Perot reflectance oscillations [50]. Assuming
normal incidence, for a growth time interval ∆t peaks in reflectance occur when
2di = mλ/nl and 2df = (m+ 1)λ/nl, where nl is the (temperature-dependent) re-
fractive index of the layer, and di and df respectively the initial and final thickness of
the layer. We assume that nl = 2.4 for GaN. The growth rate can be extracted from
Rg = (df − di)/∆t = λ/2nl∆t. To monitor the growth of GaN epilayers, laser light
of λ = 632nm is used. The amplitude of the Fabry-Perot oscillations can be used to
obtain information on the surface morphology of the epilayers. Rough and/or wavy
surfaces diminish the amplitudes of the reflectance peaks, due to the randomized
optical path differences and scattering inside the layer.

As an example, Figure 3.6 provides the complete reflectance curve obtained using
632 nm laser light for the AlGaN3-on-Gan sample (explained in Section 5), The
first reflection peak occurs as the temperature is increased up to 980°C, and prob-
ably represent the formation of a gallium oxynitride layer, since during this time
only ammonia and hydrigen carrier gas is flown into the reactor. As temperature is
increased up o growth temperature, 1040°C, a roughnening of the surface is sug-
gested by the decrease in reflectance intensity during this time. Periodic oscillations
in the reflctance curve become apparent once the reactor temperature reaches the
growth temperature (1040◦C) and the TMGa flow is initiated. Within the labeled
region 1, for instance, it is possible to fit 2.44 Fabry-Perot periods, indicating a film
growth of 324 nm (calculated as λ × 2.44/2nl). The amplitude of the reflectance
peaks within the three labelled regions gradually decreases as the layer thickness
increases, owing to the wavy morphology of GaN-on-GaN baselines that dimin-
ishes the coherence of the reflected light. Wavy surfaces here refer to surfaces with
features much larger than the laser wavelength, whereas ’rough’ surfaces possess
features comparable to the laser wavelength. The scattering from rough surfaces ex-
acerbates the decline in light coherence, leading to reductions in both the amplitude
and intensity of the reflected curves as the growth progresses.

During the course of this work, difficulties were encountered in obtaining sufficient
reflectance intensity from GaN-on-GaN and AlGaN-on-GaN samples, perhaps due
to their small size. As a result, in order to monitor the growth, and estimate the thick-
nesses of the grown epilayers, each growth run on a GaN substrate was performed in
parallel with the same growth on a GaN-template. Due to data protection concerns,
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extracting the in-situ reflectance measurement data from the company’s computer
was also difficult. Therefore, this data is not presented further in this study.

Figure 3.6 In-situ reflectance curve for AlGaN3 (light blue), and growth temperature (red),
plotted as reflectance intensity as a function of time.
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4
Characterization methods
4.1 X-ray diffraction

X-ray diffraction is a non-destructive method for the assessment of the structural
quality of epitaxial layers. It allows for the extraction of crystallographic informa-
tion such as material crystal structure and lattice constants, the quantification of
strain and density of dislocations present in the epilayers, as well as alloy composi-
tions.

4.1.1 Basic concepts
Electrons in materials scatter X-ray beams and have a (Thomson) scattering cross-
section of about 0.665 barn (6.65× 10−29m−2) [51]. In classical terms, the oscil-
lating electric field component of the incoming X-ray beam accelerates the charges
leading to Thomson scattering, which presents the elastically scattered waves. A
crystal can be thought of as a periodic arrangement of coherent scatters. As a result,
the scattered light may undergo constructive or destructive interference, since it is a
superposition of scatterings from individual electronic volume elements. To assess
this superposition, the phase difference between the incident and scattered beams at
each volume element must be considered.

(a) (b)

Figure 4.1 (a) Scattering from two electrons in the far-field approximation [52]. (b) Diffrac-
tion from parallel planes spaced by a distance d.
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4.1 X-ray diffraction

Figure 4.1 (a) shows a hypothetical atom with 2 charges separated by a distance d,
illuminated by a monochromatic X-ray beam with wavevector

−→
k = 2π

λ

−→n - where
−→n is unit vector in the direction of

−→
k - and assumes that the source and detector are

sufficiently separated for a plane-wave respresentation of the scattered and incident
X-rays. The phase difference of the incident and scattered beams between the two
charges is Φ = (

−→
k’ −

−→
k )

−→
d , while the condition for constructive interference Φ =

(
−→
k’ −

−→
k )

−→
d = 2πn, where n is an integer.

Each lattice point in a perfectly periodic 3D crystal lattice can be defined by the
vector

−→
Rn = n1

−→a1 + n2
−→a2 + n3

−→a3 where −→aj are basis vectors for the periodically
repeating motif (unit cell) in the structure and nj are integers. Since the condition

for constructive interference holds for all possible
−→
d , in a crystal it can be general-

ized to (
−→
k’ −

−→
k )

−→
Rn = 2πn, or equivalently to ei(

−→
k’−

−→
k )

−→
Rn = 1. It is fulfilled when

(
−→
k’−

−→
k ) defines another lattice, reciprocally related to the direct lattice determined

by
−→
Rn and defined by vector

−−→
Ghkl = h

−→
a∗1 + k

−→
a∗2 + l

−→
a∗3, where h, k, l are integers

(Miller indices) and
−→
a∗j are the reciprocal lattice vectors. The latter are reciprocally

related to the corresponding direct lattice vectors;
−→
a∗j ·

−→
a∗j = 2πδij, where δij is the

Kronicker delta. A non-vanishing scattering intensity from a perfect crystal occurs
only when the change in wavevector (

−→
k’ −

−→
k ) is a reciprocal lattice vector

−−→
Ghkl.

This statement defines the Laue’s condition for diffraction, (
−→
k’ −

−→
k ) =

−−→
Ghkl. The

condition ei
−−→
Ghkl·

−→
Rn = 1 describes an infinite set of parallel planes – (hkl) planes

- that contain all the direct lattice points, perpendicular to
−−→
Ghkl, and spaced by

dhkl = 2πn/|
−−→
Ghkl| (Figure 4.1 (b)). Since

−−→
Ghkl = 2ksinθ , where θ is the angle the

incoming and diffracted beams make with the horizontal plane, this leads to Bragg’s
condition for diffraction:

nλ = 2dsinθ (4.1)

Therefore, as a consequence of crystalline long-range order, diffraction peaks will
be observed at the angles θ at which Laue’s or Bragg’s conditions for diffraction are
fulfilled, as a result of constructive interference from (hkl) planes. In this context, n
is the ratio of |

−−→
Ghkl| to the shortest reciprocal lattice vector parallel to it.

4.1.2 Experimental setup and measurement modes
For the structural characterization of the samples in this thesis, a PANalytical high-
resolution X-ray diffractometer (HR-XRD) was used. HRXRD instruments inte-
grate a monochromator to the incident beam path, and an analyzer crystal to the
diffracted beam path, to respectively reduce the angular divergence and bandwidth
of the beam. The source and monochromator provided X-ray radiation with CuKα1
line λ = 0.15405974 nm. In combination with the analyser and detector, fast mea-
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surements of θ at a resolution of about 11 arcsec could be achieved. Fig 4.2 (a)
illustrates the basic measurement geometry and the relevant angles.

(a) (b)

Figure 4.2 (a) Schematic illustration of the measurement geometry and the relevant angles.
(b) Schematic of the wurtzite unit cell.

Phi (φ ) is the rotation angle about the normal to the sample, χ (chi) the clockwise
angle between the reciprocal lattice vector of the planes of interest and the substrate
normal, while ω is the angle between the incident beam and the sample surface
when χ = 0. The angle that the incoming and diffracted beams make with the rele-
vant planes (hkl) that satisfy Bragg’s condition for diffraction is the Bragg angle θ ,
while 2θ is the angle between the incident and the diffracted beams. Both θ and ω

lie in the x-z plane.

For hexagonal crystal lattices the notation (hkil) is traditionally used for Bragg
planes, where i = - (h + k). Three main types of diffraction geometries include:

a) Symmetric geometry. Here, ω=θ , and χ = 0° (i.e.,
−−→
Ghkil is parallel to the normal

to the sample’s surface). Reflections (hkil) measured in this geometry are called
symmetric reflections.

b) Asymmetric geometry (χ = 0°, ω ̸= θ ). Reflections (hkil) measured in this geom-
etry are called asymmetric reflections.

c) Skew symmetric geometry. Here χ ̸= 0, as the sample must be tilted by χ to meet
diffraction conditions, and ω = θ . Reflections (hkil) measured in this geometry are
called skew symmetric reflections.

Two types of commonly performed scans include:

a) Rocking curves (RCs), in which the relative angle between the source and detector
lines is fixed at the angle 2θ that satisfies Bragg’s condition for diffraction for a
given (hkil) plane, while the sample is oscillated in omega.

b) 2θ −ω scans, in which 2θ is varied by moving both the detector and the source.

These two scans can be performed in any of the three geometries described above.
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4.1 X-ray diffraction

As will be described in the following section, the full width half maxima of (0002)
and 1011 RCs allow for the estimation of screw and edge (mixed) dislocation den-
sities, respectively. The broadening of the (0002) and (1011 2)θ −ω peaks on the
other hand, relates to the vertical and lateral (mixed) coherence lengths of the mo-
saic blocks, respectively, as well as to the strain present in the epilayers.

X-rays are absorbed in media. The intensity I of the X-ray beam collected by the
detector will be equal to the intensity of the incident beam, I0, attenuated by a factor
e−2µl, where 2l is the total path length traversed by the beam inside the material
(Figure 4.3).

Figure 4.3 Penetration depth pd as a function of beam-surface angle α and path length l.

The linear attenuation coefficient µ is green by α × ρ , where α and ρ are the
wavelength-dependent absorption coefficient and density of the material, respec-
tive. For GaN, their values are about 51.2 cm2/g and 6.15g/cm3, leading to µ = 314
cm−1.

The penetration depth, pd, is often defined as the vertical depth within the material
at which the intensity is reduced by half. For reduction by 90% in incident intensity
(I/I0 = 0.1) the penetration depth is pd =−sinα× ln(0.1)/2µ , where α is the angle
between the incident beam and the sample surface.

For (0002) reflections measured in a symmetric geometry, α = θ◦ = 17.28◦, hence
pd = 10µm. For (1011) reflections (θ = 18.43◦) measured in skew symmetric ge-
ometry (χ = 61.99◦), α = θ × cosχ = 8.66◦, hence pd ≈ 5.5µm.

4.1.3 Estimation of edge and screw threading dislocation
densities

In a perfectly periodic, boundless crystal, the diffraction peaks would be delta func-
tions at the angle θ that satisfies Bragg’s condition for a given set of (hkl) planes.
Dislocations are one of the factors that introduce perturbations to the lattice order,
resulting in broadening of the diffraction peaks (due to the less stringent diffraction
conditions). Other sources of broadening related to the layers include broadening
due to wafer bow, finite size of the crystallites, compositional gradients and strain
[53]. In addition, instrumental broadening is also typically present, and becomes
more important in low-defect density crystals.
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(a) (b)

Figure 4.4 (a) Schematic of the mosaicity in a crystal [54]. (b) Schematic of the paths
traced in reciprocal space of rocking curves and 2θ −ω scans, respectively.

Lattice distortions due to dislocations are visualized in terms of the mosaic model
[55] which describes the layers as composed of perfect blocks that are tilted relative
to the substrate normal and/or twisted about the substrate normal. The X-rays are as-
sumed to scatter coherently within the vertical and lateral dimensions of the mosaic
blocks, which are characterised, respectively, by the vertical and lateral coherence
lengths. In epitaxy, the vertical and lateral coherence lengths are mainly limited by
the edge and screw dislocation densities respectively, as well as alloying; the larger
these length, the better the crystal quality. The degree of mosaicity in a crystal is
characterised by the breadth of the rocking curves; the higher the mosaicity, the
larger the FWHM of the rocking curves, the lower the crystal quality. 2θ −ω scans
trace vertical lines through the origin of reciprocal space to examine the positions of
various diffraction spots, and their FWHM relates to the vertical coherence length;
the longer the mosaic blocks, the narrower the 2θ −ω FHWMs. Rocking curves
on the other hand trace an arc in reciprocal space around a given diffraction spot in
order to quantify the broadening – e.g., due to tilt - that dislocations and the finite
coherence lengths introduce (Figure 4.4 b). Screw dislocations have Burges vector
along the c-axis and hence they distort the lattice about the <0001> direction, which
can be characterised by a tilt of the mosaic blocks relative to the substrate normal.
The tilt angle and the accompanying broadening of the (000l) peaks become more
pronounced as the order n of diffraction peak – and hence the length of

−−→
Ghkil -

increases. The broadening due to the lateral coherence length of the blocks is inde-
pendent of the order of diffraction. This allows for the estimation of the tilt angle
αtilt through a linear fit for the slope of the data-plot βωsinθ / λ versus sinθ / λ ,
where βω is the full width at half maximum (FWHM) of the (0002), (0004) and
(0006) rocking curves and θ the position of their centres. From the y-intercept in
such a plot, the lateral coherence length can be extracted.

The density of threading screw dislocation can be estimated using the following

40



4.1 X-ray diffraction

relation, derived by Dunn and Koch [56] where they assume random distribution of
dislocations in the crystal

Ns =
α2

tilt

4.35|
−→
bc|

(4.2)

and where |
−→
bc| = 5.1850Å is the magnitude of the Burges vector along the c-axis.

Edge dislocations have Burgers vector parallel to the (000l) planes, hence they do
not contribute to the overall tilt about the <0001> direction.

Edge threading dislocations have Burgers vector along the <1120>. As a result,
they induce a twist angle (αtwist) of individual mosaic blocks about the substrate
normal, and therefore contribute to the FWHM of the asymmetric rocking curves.
To estimate this contribution (and hence αtwist), rocking curve measurements of
asymmetric peaks at inclination angles χ of 90° are needed to filter out any tilt
components in peak broadening. In practice, rocking curves at χ = 90° require edge
geometry, bulk or very thick layers, and hence are difficult to perform.

The twist angle αtwist can be extrapolated by using the empirical method of Srikant
et al [57]. The contributions to the FWHM of the peaks from the tilt and twist
components as a function of χ are given by

Wtilt
0 [χ] = cos−1[cos2(χ)cos(Wy)+ sin2(χ)] (4.3)

Wtwist
0 [χ] = cos−1[sin2(χ)cos(Wy)+ cos2(χ)] (4.4)

where Wy and Wz are the measured FWHM’s of the symmetric and in-plane asym-
metric rocking curves, respectively. It is further phenomenologically assumed that
the tilt of mosaic blocks is exponentially related to their twist about the substrate
normal, and conversely. This leads to effective values for Wtilt

0 [χ] and Wtwist
0 [χ]

given by:

Wtilt
eff[χ] = Wtilt

0 [χ]exp

(
−m

Wtwist
0 [χ]

αtwist

)
(4.5)

Wtwist
eff [χ] = Wtwist

0 [χ]exp

(
−m

Wtilt
0 [χ]

αtilt

)
(4.6)

where m is a parameter that describes the dependence of the tilt-twist components,
and ranges from -1 (for complete anti-correlation) to 1 (complete correlation). The
resulting FWHM of the asymmetric rocking curves is given by

Wresultant =
[(

Wtilt
eff[χ]

)n
+
(

Wtwist
eff [χ]

)n]1/n
(4.7)

where n = 1+(1− f)2 ranges from 1 to 2 depending on the measured Lorentzian
fraction f of the fitted peaks.
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The twist angle can be estimated by plotting the FWHM of the asymmetric rocking
curves for the reflections (3032) (1011), (1012), (1013), (1014), and (1015), mea-
sured in skew-symmetric geometry, versus χ , and using Equations 4.3, 4.4, 4.5 and
4.6 are used to fit Equation 4.7 to the data for αtwist and m. This permits estimation
of the edge dislocation density NE via

NE =
α2

twist

4.35|
−→
ba|2

(4.8)

where |
−→
ba| = 3.189Å.

4.2 Atomic force microscopy

To perform local surface characterization of the epilayers, we utilized atomic force
microscopy (AFM). AFM is a type of scanning probe microscopy, where a sharp
probe tip scans over the sample’s surface, producing a magnified image of its to-
pography. AFM images can reveal features including surface defects, dislocations,
cracks and steps. The imaging process relies on small-range forces between the out-
ermost atoms of the tip and the sample surface. Typically operating range is 0.1-100
nm, enabling the inference of the tip-sample distance. Depending on the mode of
operation, the forces can be attractive (Van der Waals) or repulsive (Pauli repulsion)
[58].

The tip is supported from above by a cantilever beam that is adjusted vertically
using a feedback correction loop, ensuring a constant force between the tip and the
sample during the scanning process. To measure the deflection of the cantilever,
the reflected laser light from the cantilever is measured by a photodiode and laser,
providing precise information about the distance between the tip and the sample
surface and thereby enabling accurate determination of surface feature heights.

AFM can be operated in three modes: a) contact mode, b) non-contact mode, and c)
tapping (or intermittent) mode [59]. In the contact mode, the AFM tip makes direct
physical contact with the sample’s surface, probing the repulsive force regime. This
mode is the simplest and offers the advantage of enabling electrical contact with the
sample. However, its use carries higher risk of potential damage to either the sample
or the AFM tip.

In the non-contact mode an AC voltage is applied to the cantilever at its reso-
nance frequency, inducing small oscillations of the tip with amplitudes of about 0.1
nm, to probe small range attractive forces. These tiny oscillations enable probing
small-range attractive forces without contacting the sample surface. Surface feature
heights are deduced by measuring the height adjustments of the cantilever beam
necessary to maintain a constant oscillation frequency of the AFM [60]. This mode
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4.3 Secondary ion mass spectroscopy

Figure 4.5 The working principle of an AFM.

offers atomic resolution (0.01 nm) in the vertical direction, but requires Ultra-High
Vacuum (UHV) conditions and slow scanning to accurately probe such small forces.

In this thesis, the tapping mode is chosen for imaging. It is faster and less demanding
than the non-contact mode while providing nanometer-scale transverse resolution,
superior to that of the contact mode. In the tapping mode, the cantilever oscillates
with an amplitude of about 10-100 nm, allowing it to probe both the contact and
non-contact regimes during scans. However, the resonance frequency of the can-
tilever is influenced by the tip shape, which can change over extended scans due to
wear; requiring the use of new tips periodically. It is important to note that AFM
images are convolutions of both the tip’s and the surface’s morphologies, leading
to a reduced lateral resolution due to the finite lateral size of the tip [61]. A Bruker
AFM with transverse and lateral resolutions of 0.5 nm and 5 nm, respectively, is
employed in this work.

4.3 Secondary ion mass spectroscopy

Secondary ion mass spectrometry (SIMS) is used for the determination of concen-
tration profiles of C, Si, O, and H versus depth in the layers. SIMS operates on the
principle of physically removing secondary ions from the sample through sputtering
with a focused primary ion beam. These secondary ions are then identified through
mass spectroscopy and their collection and quantification are measured in counts
per second [62]. For depth analysis of element concentrations, a known sputtering
rate is applied, and the collection counts-per-time for each element are continuously
recorded, providing concentration data as a function of depth in the layers. This
process is repeated for all the species of interest. The depth resolutions achieved in
SIMS are in the range of 2-10 nm, while lateral resolutions are limited by the beam

43



Chapter 4. Characterization methods

size and typically range from 10 nm to 1 µm.

The SIMS measurements in this study were conducted by the Evans Analytical
Group laboratories, utilizing a Cs+ ion beam source with a depth resolution of 10
nm. Typical detection limits for H, C, O, Si were as follows: H: 3−5 ·1016cm−3, C
and O: 1−2 ·1015cm−3, and Si: 2 ·1015cm−3.

4.4 Scanning electron microscopy (SEM)

For fast characterization of surface morphology across larger areas (above 20x20
micrometers), scanning electron microscopy (SEM) is more convenient than
(AFM). SEM involves scanning a focused beam of high-energy electrons (5-30
keV) across the surface of the sample. The interactions between the electron beam
and the sample generate multiple signals that provide information about the sur-
face’s topography and composition [63]. Dedicated detectors collect these signals
individually, enabling the construction of SEM images.

’Excitation volume’, refers to the three-dimensional region where the interactions
between the electron beam and the sample occur. This volume is depicted in Figure
4.6, illustrating the areas from which various signals, such as backscattered elec-
trons (BSEs), secondary electrons (SEs), characteristic X-rays, and Auger electrons,
are emitted. The lateral spatial resolution of each SEM signal depends on the size
of the excitation volume. This resolution varies progressively from BSEs to SEs to
X-rays, as demonstrated by the pear-shaped figure in the illustration.

(a) (b)

Figure 4.6 Schematic of the excitation volume (a) [64], and the arrangement of the various
detectors in a SEM (b) [65].

The size of the excitation volume is influenced by several factors. First, it increases
with the beam size at the sample surface (probe size) and the energy of the incom-
ing beam electrons (controlled by the accelerating voltage). On the other hand, the
excitation volume decreases with the atomic number of the sample material. For
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4.4 Scanning electron microscopy (SEM)

high-resolution SEM images for a given sample, an optimal balance needs to be
achieved where the accelerating voltage is set high enough to generate sufficient
signal, while simultaneously being low enough to avoid sample damage and com-
promising resolution.

BSEs are beam electrons that are elastically (back)-scattered from the atoms in
the sample. Their number counts are independent on accelerating voltage, but are
highly-sensitive to the atomic number of the sample material. Denser materials with
higher atomic number produce more BSEs. High accelerating votages are employed
to collect information from a depth ranging from 0.5-1 micrometers within the sam-
ple. As a result, BSEs provide strong compositional contrast, but at relatively low
resolution. For detection, BSEs are collected by annular semiconductor detectors
positioned vertically above the sample. Employing multiple annular detectors al-
lows the signals to be combined, enabling not only compositional contrast but also
the generation of topographical contrast.

The SEs are ejected from the sample due to inelastic interactions of the sample with
the impinging electrons. Their energy typically ranges from 0 to 50eV, peaking
around 5keV. This energy distribution makes SE images particularly sensitive to
the surface morphology, with only SEs originating from depths of approximately
5-50 nm having enough energy to emerge from the sample and be detected. Auger
electrons are even less energetic; they emerge from a surface depth of 1 nm. There
are two main types of SEs based on their trajectory and escape depth:

(i) SE1 electrons: These electrons are generated near the point where the electron
beam strikes the sample and travel in a generally vertical trajectory from the
sample.

(ii) SE2 electrons: In contrast, SE2 electrons result from the inelastic interac-
tions of backscattered electrons (BSEs) with the sample, arising slightly off
the point of incidence.

Due to their distinct generation mechanisms, SE1 images offer better resolution and
higher surface sensitivity, as they predominantly represent surface features. On the
other hand, SE2 images provide more compositional and topographic contrast at
lower resolution, as they are generated from BSEs from deeper regions within the
sample.

Both types of SEs are detected using scintillators and photomultipliers. Positive bias
is applied to attract the low-energy SE electrons. The SE1 detector is positioned
’in-lens,’ located above the sample, while the SE2 detector is positioned off-axis
(‘side-mounted’). The relative positioning of the detectors results in characteristic
differences in images: while all SE images display edge and tilt contrast, SE1 im-
ages display a flatter look, emphasizing surface details. In contrast, SE2 images
exhibit strong topographical features, 3D look, and compositional contrast.
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4.5 X-ray energy dispersive spectroscopy (EDS)

X-ray energy dispersive spectroscopy (EDS) is a quick, easy and versatile bulk com-
position analysis technique. It relies on the inelastic scattering of incoming beam
electrons with the atoms in the sample, and the subsequent emission of character-
istic X-rays from relaxation events [66]. When core electrons are ejected following
inelastic scattering, the atoms can relax through transitions of electrons from outer-
shells to the vacant inner shell, leading to the emission of X-ray photons with energy
equal to the energetic difference between the two shells involved in the transition.
Given that each atom has known and unique electronic configuration and energy
levels, these emissions are characteristic to the elements present in the sample. For
EDS performed in a SEM setup, analysing the energies of the emitted X-ray pho-
tons allows for the identification of chemical composition. By scanning the SEM
probe across an area of the sample, compositional maps can be obtained.

The characteristic emissions show up as peaks in EDS spectra. For each element,
multiple electronic transitions are generally possible, resulting in a family of peaks
visible in the EDS spectra.

To identify the elements present in the sample, an automatic peak identification pro-
cedure is employed. This procedure involves linking each set of family peaks to its
corresponding element by referencing tabulated values for the energy levels asso-
ciated with that element. Before conducting the analysis, the program is provided
with information about which elements are expected to be present in the sample.
The program filters out any artefact peaks, which may be due to instrument effects
or other non-sample-related factors.

A SEM Gemini 500 system equipped with a SiLi p-i-n detector, capable of X-ray
photon detection at an energy resolution of 120eV was used for EDS measure-
ments. To maximise X-rays collection efficiency, the detector is positioned in the
line-of-sight from the sample (Figure 4.6 (b)). Photon energies were determined by
counting the electron-hole pairs generated across the Si bandgap after the absorption
of a single X-ray photon, multiplied by the bandgap. Serial photon counting min-
imized artifact sum peaks in EDS spectra. Before each measurement, the detector
was cooled to cryogenic temperatures (-190°C) using liquid nitrogen to minimize
thermal carrier generation.

To find the optimal accelerating voltage for EDS measurements on a particular sam-
ple, we employed the Casino v3.3 software. This program models the excitation
volume for X-rays, based on Monte Carlo simulations of electron trajectories, pro-
viding information about the accelerating voltage and sample’s structure, including
layer arrangement, thickness, and composition.
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5
Results and Discussion
5.1 Growth optimization

Initial experiment was conducted in order to study the variation of impurity concen-
trations and growth rate as a function of the growth conditions in our MOVPE reac-
tor. The goal was the optimization of the growth conditions to minimize background
impurity concentrations in the drift layers while maintaining a sufficiently fast ho-
moepitaxial growth rate, and calibrate the actual Si-concentration to the SiH4 flow
rate. For this purpose, a set of GaN layers were consecutively grown on the same
GaN substrate, where a single growth condition was varied thrice in each layer, as
shown in Figure 5.1 while all other conditions were kept the same. The general
growth conditions common for each layer (apart from the parameter being varied)
were Tg = 1040 ◦C, Pg = 225 mbar, NH3 flow = 0.430 mol/min, TMGa flow = 277
µmol/min, H2 flow = 0.640 mol/min.

Figure 5.1 Common growth conditions, and a schematic representation of the epitaxial
structure grown for SIMS analysis.
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The first four layers (above the substrate) were undoped. In Layer 1, the growth
temperature was varied in three steps: 1000◦C, 1040◦C, and 1070◦C. In Layer 2, the
pressure was varied: 150 mbar, 225 mbar, and 300 mbar. In Layer 3, the ammonia
gas molar flow was varied 0.216-0.430 mol/min, while in Layer 4, the TMGa molar
flow was varied between 139-277 µmol/min. Layer 5 was grown using the common
growth conditions listed above, but the silane flow was varied in three steps from
0.02 nmol/min to 55.8 nmol/min. Each of the 15 sub-layers was grown for the same
duration of time (335 s). A protecting layer of undoped GaN was grown for 335
seconds on top of the structure, resulting in a total layer thickness of 2.5 µm. The
V/III ratio was effectively varied from 780 to 1552 in Layer 3 and from 3093 to 1552
in Layer 4, as a result of the variation in NH3 and TMGa molar flows, respectively.

The sample was analyzed by SIMS, and the respective depth profiles of C, Si, H,
and O concentrations are presented in Figure 5.2. The thicknesses of each sublayer
as determined from the SIMS resultsare indicated in the figure. The average con-
centration of the impurities were estimated within each sublayer. Using these data,
the C and Si impurity concentrations were estimated as a function of the growth pa-
rameters. The growth rate for each sublayer was determined by dividing the given
sublayer thickness by its growth time (335 seconds).

Figure 5.2 The SIMS concentrations for Si (green), C (black), H (pink), and O (red) as a
function of depth in the sample. The thicknesses of the sublayers as determined by SIMS are
presented in units of nm.

The variation of the background Carbon impurity concentration and (unintentional
doping) Si concentration as a function of the growth temperature, pressure, NH3
molar flow, and TMGa molar flow are shown in Figure 5.1 . Figure 5.4 presents the
observed variation in growth rate as a function of growth temperature, growth pres-
sure, NH3 flow and TMGa flows. The variation of the intentional Si concentration
as a function of the SiH4 flow is plotted in Figure 5.5.

Figure 5.1 (d) indicates that the Carbon concentration in Layer 3 increases almost
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(a) (b)

(c) (d)

Note that the scales in the left and right axes can differ by an order of magnitude.

Note that the scales in the left and right axes can differ by an order of magnitude.

Figure 5.3 Background C and Si concentrations versus temperature (a), pressure (b), am-
monia flow (c) and TMGa flow (d).
Note that the scales in the left and right axes can differ by an order of magnitude.

linearly in two steps by an overall factor of 1.7 as the TMGa flow is doubled (or as
the V/III ratio decreases by a factor of 2), at fixed growth temperature and pressure.
This is as expected, since the most important source of C impurities in epilayers
grown by MOVPE are the CH3 molecules (ligands of TMGa) that are produced as
TMGa dissociates. More TMGa available, means more incorporation of impurity
C atoms. The growth rate also increases almost linearly (Figure 5.4 d) with TMGa
flow, suggesting that it is limited by the mass transport of group-III precursors to
the surface.

The concentration of residual C decreases by a factor of about 2.8 as the tempera-
ture is increased from 1010-1070◦C (Figure 5.1 a). A similar decrease is observed
as the pressure is raised between 150-300 mbar (Figure 5.1 b), and the ammonia
flow from 0.216-0.430 mol/min (Figure 5.1 c). Elevated growth temperatures fa-
cilitate gas-phase reactions between ammonia and MO precursors, the by-products
of which may be swept out of the chamber before they can diffuse to the surface,
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(a) (b)

(c) (d)

Figure 5.4 Growth rate and background C concentration versus temperature, (a). Growth
rate versus pressure (b), ammonia flow (c) and TMGa flow (d). Note that the scales in the left
and right axes can differ by an order of magnitude.

leading to a decrease in residual C in the layer. The growth rate is observed to de-
crease by 15% as the temperature is increased from 1040◦C to 1070◦C, due to the
higher desorption rate of adatoms in the evaporation regime. High temperatures also
enhance the thermal decomposition of H2 and NH3. Methyl groups formed by com-
binations of atomic hydrogen with Carbon atoms can desorb from the surface in the
evaporation regime, further reducing the Carbon concentration [67]. More atomic
hydrogen is available from dissociation at higher ammonia flows – this may ex-
plain the observed decrease in C concentration with NH3 flow (Figure 5.1 c) and of
the growth rate (Figure 5.4 c). Higher growth pressures lead to a thicker boundary
layer and a more turbulent flow, which promote parasitic gas-phase reactions and
enhanced deposition on the reactor sidewalls, thereby decreasing both the growth
rate (Figure 5.4 b) and the Carbon concentration (Figure 5.1 b).

No significant variations are observed for the concentrations of H and O as
a function of the growth conditions. Their respective values were found to be
3.4× 1016cm−3 and 9.6× 1014cm−3 on average throughout the structure. These
are near the respective detection limits of SIMS.
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The concentration of unintentional background Si is observed to increase with
growth temperature (Figure 5.1 a). This may be associated with an increase in
the number of Ga vacancies availabe for Si atoms to occupy. On the other hand,
a decrease in background Si concentration occurs with increasing TMGa flow rates
(Figure 5.1 d). A similar trend is also observed at higher NH3 flow rates (Figure 5.1
c). It was reported that such an effect could be attributed to N atoms occupying Ga
vacancies instead of Si [68].

These observed trends should be generally applicable to other MOVPE reactors,
but the actual numerical values may vary between reactors. Our results highlight
the expected anti-correlation between the growth rate and background Carbon con-
centration. When developing thick drift layers for vertical power devices, a faster
growth rate is advantageous, but it should not come at the cost of increasing the
point defect density. The results show that the common growth conditions strike a
satisfactory equilibrium between these two competing factors.

In this initial growth run, each (sub)layer was grown at different growth conditions
with respect to the (sub)layer below. As a result, the surface roughness and dislo-
cation densities – both of which may affect the incorporation of impurities in the
grown epilayers – may vary between (sub)layers. A more precise investigation of
impurity incorporation as a function of the growth conditions, that would improve
result comparisons, would involve SIMS analysis of separate individual layers on
identical GaN substrates. The latter approach is impractical however, due to the
high cost of GaN substrates and SIMS measurements. The average thickness of the
sublayers (about 200 nm) is close to the depth resolution of SIMS. This poses chal-
lenges in precisely identifying the spatial boundaries of sublayers, making it harder
to reliably determine the concentrations of impurity atoms within them. Opting for
thicker sublayers is also not a practical solution as it would substantially increase
the expensive MOVPE growth time.

For better optimization of the growth conditions to reduce impurity concentrations,
in addition to more data points, the incorporation of impurities as a function of the
H2 flow could also be investigated. In this thesis work, a 100% H2 carrier gas flow
was chosen to achieve a higher growth rate due to its lower viscosity compared to
N2. A H2 flow of 0.640 mol/min was maintained for each growth run. However,
both Carbon incorporation and growth rate are influenced by the H2 flow [69]. H2
flow determines the degree of reactant dilution and the available reaction time at the
wafer surface [70], thereby directly affecting the incorporation of impurities during
the growth process.

For the growth runs in this thesis, the stated common growth conditions are ev-
idently optimal on the basis of the results in Figure 5.5. They serve to maintain
a balance between minimizing the residual Si and C incorporation and maximiz-
ing the growth rate. These conditions predict a C concentration of 1.1×1016cm−3

and a residual Si concentration of 2.7× 1016cm−3. Therefore, ignoring the small
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contribution from O residual impurities and that of H, the overall expected n-type
doping concentration in unintentionally doped GaN under these growth conditions
is Nd-Na = 1.6×1016cm−3, assuming that all Carbon behaves as acceptors and are
activated.

Figure 5.5 Intentional Si concentration versus silane flow (blue dots). A linear fit to the
data is shown in blue color, while the red dashed line is the expectation from basic theory.

Figure 5.5 indicates that the logarithm of the (intentional) Si concentration, [Si], is
linearly dependent on the logarithmic molar flow rate of SiH4 over the range of 0.02
nmol/sec to 55.8 nmol/sec under the optimal growth conditions. A linear fit to the
data (blue line) reveals that log([Si]) = 0.83× log(χSiH4) + 17.6851. In practice,
this allows for a straightforward calibration of the molar flow rate of SiH4 to the
actual Si concentration in the layers. For the thick (5µm) drift layers, an overall n-
type doping concentration of 4.6×1016cm−3 was desired to improve the resistance
in the ON state. Hence a molar flow rate of 0.059 nmol/min for silane was used, and
these layers are referred to as n-doped. A silane flow of 27.9 nmol/min was used to
obtain a desired doping concentration of 7.5×1018cm−3 in a thin surface layer on
the top of the drift layer in order to to enable ohmic contacts and improve the contact
resistance,. Figure 5.5 suggests that Si incorporation exceeds what is expected from
theory (dashed red line) at small flows, and is below what is expected from theory
at higher flows. More data points are required for a better comparison, at these
growth conditions. It is important to note that, while in theory GaN offers up to
about 4.5× 1022 Ga substitutional sites per cm−3 of material, compensation due
to native defects (e.g.,VGa, VN) limits the possible n-type doping concentrations to
below about 1020cm−3 [32].
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5.2 GaN and AlGaN epitaxy

5.2 GaN and AlGaN epitaxy

Figure 5.5 presents an overview of the epitaxial structures of different GaN and
AlGaN drift layers studied in the thesis. In all cases the growth is performed on
(0001) oriented, flat 1cm×1cm diced, HVPE-grown, 325 µm thick n+ doped GaN
substrates (with a Si doping concentration of 3×1018cm−3). All drift layers were
Si-doped with intended donor concentration of about 4.6×1016cm−3 (n− doped).

Figure 5.6 Schematic representations of the epitaxial structures studied in the thesis: top
row - GaN and bottom row - AlGaN drift layers.

Prior to growth, the substrates underwent a thorough cleaning process involving
ultrasonic cleaning with acetone, IPA, and DI water, followed by Piranha etching
for 25 minutes at 100 ◦C. This cleaning step was needed to remove any organic
contamination present and residuals from the dicing process. Furthermore, before
the growth process, and during cooldown to room temperature after growth has
been completed, all substrates were subjected to a high-temperature ammonia flow
treatment. Specifically, an ammonia flow of 0.430mol/min along with an H2 carrier
gas flow of 0.640 mol/min was applied for 850 seconds as the reactor temperature is
ramped up to growth temperature (1040◦C). This nitridation treatment is performed
mainly to reduce the deficiency in Nitrogen due to evaporation from the surface [71],
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Table 5.1 Common growth conditions of the the GaN n+ nucleation and the (Al)GaN drift
layers for all the samples.

Layer Growth Temperature Growth Pressure NH3 Flow TMGa Flow H2 Flow SiH4 Flow Growth Time Growth Rate
(°C) (mbar) (mol/min) (µmol/min) (mol/min) (nmol/min) (s) (nm/s)

n+GaN 1040 225 0.430 277 0.640 27.9 540 0.56

n−GaNdriftlayer 1040 225 0.430 277 0.640 0.059 9000 0.56

n−AlGaNdriftlayer 1040 225 0.430 277 0.640 0.059 8200 0.62

and it offers various other benefits, including: i) facilitating surface reconstructions,
thereby contributing to the reduction in the number of surface defects and improving
surface roughness; ii) facilitating the annihilation of dislocations, improving crystal
quality, and iii) enabling the removal of unintended impurities at the GaN substrate
surface.

In all samples, a common feature is the growth of a 300 nm n+ GaN layer on top of
the substrate, referred to as the nucleation layer, which is doped with Si to a con-
centration of 7.6×1018cm−3. This doping level is chosen to improve drain contact
resistance while ensuring it does not negatively impact the quality of the epitaxial
layers on top. Previous studies [72] have demonstrated that doping concentrations
in the range of 1−3×1019cm−3 using Si can have a degrading effect on both the
crystal quality and surface morphology, and these effects extend to the epitaxial
layers; the doping concentration in the nucleation layer was therefore limited below
such value. The growth conditions for the different drift layers were also common
to all the samples. Table 5.1 summarizes the common growth conditions for both
the nucleation and the main drift layers. Both, the GaN and the AlGaN samples
were cooled from 1040◦C down to 400◦C at the same rate of 64◦C/min. A further
20 minutes were needed to cool the reactor down to room temperature.

As mentioned above, the growth conditions for the drift layer serve to maintain a
balance between minimising the residual Si and C incorporation and maximising
the growth rate. GaN growth necessitates temperatures exceeding 1000◦C due to
several factors. First, high temperatures supply sufficient thermal energy to pro-
mote rapid GaN-forming reactions, ensuring growth occurs within the mass trans-
port regime. Moreover, the thermal decomposition of ammonia, a key component in
the process, requires such elevated temperatures to proceed at an optimal rate [73].
Additionally, the higher temperatures enhance the mobility of adatoms, enabling
2D growth of high-quality planar GaN epilayers with improved surface morphol-
ogy and crystalline quality [74]. Furthermore, elevated temperatures aid in reducing
background Carbon incorporation during the growth process [13]. However, even
higher temperatures can lead to a rougher surface morphology due to the evapo-
ration of species from the substrate, as evidenced by previous results in our group
when utilizing growth temperatures of 1100◦C.

The first sample series consists of two 5 µm- and 10 µm-thick GaN drift layers -
samples GaN1 and GaN2 (see Figure 5.5 top row). The only difference between the
two layers is that the n− drift layer of GaN2 was grown for nearly twice the time
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(17500 s) as compared to GaN1, resulting in an expected layer thickness of about
10 µm. Since both layers were grown at the same optimised growth conditions,
they should have very similar doping properties (charge carrier concentration and
mobility) and hence a twofold increase in breakdown voltage for GaN2 with respect
to GaN1 could be expected. It should be noted that larger thickness of the drift
layer would also result in an increase of on-resistance due to the longer current
path in GaN2. Hence, further adjustment of doping may be needed for an optimized
device performance based on 10µm-thick drift layers, which however, is beyond the
scope of this thesis. Representative optical microscopy images (4x4 mm) taken at
the centre of the samples are shown in Figure 5.7 revealing that the homoepitaxial
layers GaN1 and GaN2 are found to be crack-free as expected.

(a) GaN1 (b) GaN2

Figure 5.7 Representative 4 mm×4 mm optical microscopy images of the samples from
the GaN-on-GaN series. Scale bar is 500 µm in length.

In a second series, 5 µm AlGaN drift layers were grown, samples AlGaN0 to Al-
GaN4 (see Figure 5.5 bottom row) with an intended Al content of about 8%. For
this purpose, a TMAl flow of 100 ccm was introduced during the growth of the drift
layers while all other growth conditions were kept the same (see Table 5.1). The
drift layers in this case were grown for 8200 s to compensate for the faster growth
rate as compared to GaN (1.126 times faster) resulting from the additional TMAl.
While the added TMAl introduces higher growth rates, the Al adatom mobility is
expected to be lower compared to Ga under these growth conditions [75]. As a re-
sult, the growth time of 8200 s was chosen, instead of 7992 s, to achieve the desired
5µm layer thickness.

The primary objective of alloying with small amount of Al in the second series
of samples was to increase the critical electric field in the drift layers without
significantly affecting the free charge carrier concentration and mobility with re-
spect to GaN, thus enhancing their Baliga’s figure of merit (BFOM) relative to the
5 µm drift layers (GaN1). Recently, it has been demonstrated that in low-Al-content
(6%− 8%) AlGaN-on-SiC, electron mobility is primarily limited by the dislocation
density rather than alloy scattering resulting in similar or even higher BFOM than
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GaN [76]. By employing GaN substrates for the AlGaN drift layers growth here we
aim at reducing the dislocation densities with respect to the heteroepitaxy on SiC
and hence furter improving mobility parameters and BFOM.

In the sample denoted as AlGaN0 (Figure 5.5 - bottom row) the drift layer was
grown directly on the GaN n+ nucleation layer without any buffer layer. This sam-
ple was found to display a surface crack. In an attempt to grow crack-free 5µm-thick
layers beyond the critical thickness for plastic deformation, the rest of the AlGaN
samples were grown with a compositionally graded buffer layers with Al content
between 0 and 8% prior to the main drift layer growth. The grading process was per-
formed continuously i.e. the molar flow of TMAl was increased continuously from
zero to 35.6µmol/min. In AlGaN1 and AlGaN2 the doping of the composionally
graded buffer layer with a thickness of 100 nm, i.e. growth time of 180s, was varied
with n+, i.e. [Si] = 7.6×1018cm−3 for AlGaN1 and n−, i.e. [Si]= 4.6 ×1016cm−3

for AlGaN2. It was observed that AlGaN1 exhibited a surface crack, while AlGaN2
did not display any cracks. However, during handling of the sample at a later stage,
it broke, which led us to conclude that likely internal crack may have been present.
Indeed, after breaking additional crack appear in the AlGaN2 sample. Consequently,
further optimization of the compositionally graded n− buffer layer was focused on
varying its thickness. The subsequently grown samples AlGaN3 and AlGaN4 in-
cluded thicker n− doped compositionally graded buffer layer of thicknesses of 300
nm (growth time of 540s) and 500 nm (growth time of 900s), respectively.

Representative optical microscopy images (4 mm×4 mm) taken at the centre of
the AlGaN series samples are shown in Figure 5.8, and summarised graphically in
Figure 5.9. Figure 5.8 (a) represents well the surface of both AlGaN0 and AlGaN1.
As can be seen the images illustrate a network of cracks spread through the centre
of the drift layers of all AlGaN samples apart from AlGaN3. We note that although
the whole central region of the AlGaN3 sample is crack-free, at its edges occasional
small cracks can be found. Such edge effects were previously observed for different
epitaxial structures in multiple reactors and could be associated with slight thickness
non-uniformities. Typically, this issue is mitigated by use of larger wafers. The n−

doped, continuous graded layer of about 300 nm seems to effectively minimize the
crack density in the AlGaN-on-GaN drift layers, compared to its counterparts of
100 nm and 500 nm, and the n+ 100 nm-thick buffer layer, grown under the same
conditions and cooled at the same rate. Apparently, the 100 nm-thick graded layer
is too thin to accommodate the tensile strain accumulated during the cooling down
to room temperature, and that increasing the buffer layer thickness above 300 nm to
500 nm is not beneficial. Concerning the n+ graded buffer layer, it should be noted
that high Si concentrations in GaN epilayers have been found to expand the GaN
lattice i.e. to cause tensile strain [77]. This effect could potentially be responsible
for the observed cracks in AlGaN1. The cracks could be attributed to the heightened
tensile strain in AlGaN layers resulting from the increased lattice mismatch with
GaN. This mismatch could be too large for a 100 nm-thick buffer layer to adequately
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(a) AlGaN0 (b) AlGaN2

(c) AlGaN3 (d) AlGaN4

Figure 5.8 Representative 4 mm×4 mm optical microscopy images of the samples from
the AlGaN-on-GaN series. Scale bar is 500 µm in length.

Figure 5.9 Crack status in the AlGaN series versus the doping type of graded AlGaN buffer
layers.
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manage.

5.3 Structural properties of the drift layers

The following samples GaN1, GaN2, AlGaN2, AlGaN3, and AlGaN4, as well as
the GaN substrate, were selected for additional characterization by SEM, EDS, and
XRD.

(a) GaN-substrate (b) GaN1 (c) GaN2

(d) AlGaN2 (e) AlGaN3 (f) AlGaN4

Figure 5.10 Representative 2µm×2µm tapping-mode AFM images taken in a central re-
gion of the samples.Note that the color bars symbolise different vertical scales in each of the
scans.

The surface morphology of the drift layers and the GaN-substrate was evaluated
using tapping-mode AFM in air, and shown in Figure 5.10. The 2µm×2µm images,
taken within a region near the centre of the samples, indicate epilayers with smooth
surfaces superior to the substrate. Long, uniform and well-defined atomic steps are
observed for the epilayers, and no pits (dislocations). Surface roughness (the mean
height difference in peaks and valleys over the surface) is quantified by a root-mean-
square value (Rq). GaN1, GaN2, and AlGaN3 exhibit Rq values of 0.105 nm and
0.112 nm respectively, which are smaller by more than a factor of two than that of
the GaN-substrate (0.274nm). The surface roughness of the epilayers in AlGaN2
(0.154nm) and AlGaN4 (0.134) is higher by about 20%; which may be related to
their higher surface crack density.
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A 20µm×20µm SEM (SE2) image taken at the centre of AlGaN3 (Figure 5.11
(a)) exhibits a surface free of any dislocations, which are typically visible as pits
(black spots) in SE2 images. SE2 images taken in other areas of the sample give
no new information, except near the edges, where some dislocations are present.
The other 5 samples show similar morphology in SEM. For Al content estimation
of AlGaN3, an EDS map-scan was performed over a crack-free 1 mm2 central area
of AlGaN3. Figure 5.11 (b) and (c) show uniform Al content over the sample. A
uniform AlN composition of 7.28 % was estimated from the EDS spectra. This
value is in good agreement with the intended composition of 8% being slightly
lower. The AlGaN drift layer was grown at the same growth conditions as GaN,
while Al is known to require comparatively lower pressures to reduce the losses
due to gas-phase reactions [78] or/and higher growth temperatures to enhance Al
adatom mobility on the surface and facilitate its incorporation in the crystal lattice.

(a) (b) (c)

Figure 5.11 SEM image of AlGaN3 taken in a central region of the sample (a) and corre-
sponding EDS compositional maps of Ga (b) and Al (c).

The XRD results are presented in Table 5.2, Figure 5.12 and 5.13 (a-c) shows
the corresponding plots and comparisons. Figure 5.13 (d) indicates a decrease in
the FWHMs of the symmetric rocking curves with increasing diffraction order for
GaN-substrate. Surprisingly, the FWHMs of the asymmetric rocking curves also de-
creased with the diffraction order, a trend observed in all five samples. This obser-
vation contradicts the initial expectation, as the mosaic model predicts broadening
of diffraction peaks with higher order reflections. Considering that the penetration
depth of the X-rays increases with the Bragg angle, one possible explanation for
this unexpected behavior is that the surface region of the samples may have lower
screw and edge dislocation densities compared to the bulk. However, it is also likely
that the mosaicity model does not accurately describe our low-dislocation-density
samples.

Nonetheless, it is instructive to estimate the screw and edge (mixed) dislocation den-
sities of the epilayers and GaN substrate using the method described in [79], with
the twist and tilt angles substituted by the FWHM – measured in radians – of the
(002) and (101) rocking curves, in equations 4.5 and 4.8, respectively. It is essential
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Table 5.2 2θ peak positions and FWHMs of the RCs and 2θ −ω scans for the drift layer
samples and the GaN-substrate. The FWHM values may overestimate the dislocation densi-
ties in the epilayers∗.

FWHM (arcsec) 2θ Peak Positions (°)

(002) RC (101) RC (002) 2θ −ω (101) 2θ −ω (002) 2θ −ω (101) 2θ −ω

GaN-substrate 44.93 60.91 43.16 32.00 34.57725 36.85019

GaN1 90.54 35.35 43.74 37.87 34.57476 36.85067

GaN2 66.38 83.20 40.36 31.97 34.57463 36.84718

AlGaN2 34.56 - 52.06 66.13 34.65771 36.87229

AlGaN3 40.25 - 54.58 45.11 34.65918 36.87303

AlGaN4 36.65 - 46.48 34.48 34.65784 36.87138

∗ The FWHM for the (101) RC of AlGaN samples could not be taken due to the instrument being down.

to note that these estimates are likely overestimates of the dislocation densities in
the epilayers, as explained below. The results are listed in Table 5.2 and 5.3. We
recall the reader that the full width half maxima of (0002) and (1011) - referred to
from hereon-in as (002) and (101) for simplicity - RCs allow for the estimation of
screw and edge (mixed) dislocation densities, respectively. The broadening of the
(002) and (101) 2θ −ω peaks on the other hand, relates to the vertical and lateral
(mixed) coherence lengths of the mosaic blocks, respectively.

Table 5.3 Screw and edge (+mixed) dislocation densities for the samples.

Screw dislocation density / cm−2 Edge dislocation density / cm−2

GaN-substrate 4.1×106 2.0×107

GaN1 1.6×107 6.6×106

GaN2 8.9×106 3.7×107

AlGaN2 2.4×106 -
AlGaN3 3.3×106 -
AlGaN4 2.7×106 -

In Figure 5.12 (a), the (002) rocking curves of the GaN-substrate, GaN1, and GaN2,
are compared. The (002) RC FWHM for GaN1 (90.54 arcsec) is nearly double
that of the GaN substrate (44.93 arcsec) but only 30% higher than that of GaN2
(66.38 arcsec). Considering a penetration depth of 10µm for (002) reflections (as
discussed in Section 4.1.2, the substrate is expected to contribute to the broadening
of the rocking curves, in addition to the broadening due to the epilayers. This contri-
bution is expected to be greater for GaN1 (5 µm thick epilayer) compared to GaN2
(10 µm thick epilayer), but no greater than 34.56 arcsec (the (002) FWHM of the
AlGaN2 RC). Therefore, it seems likely that the GaN epilayers, grown under our
conditions, have similar (if not better, as observed in [9]) screw dislocation densities
as the GaN substrate.
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(a) GaN-substrate, GaN1-2 (0002) rocking
curves

(b) GaN-substrate, GaN1-2 (0002) 2θ − ω

curves

(c) AlGaN2-4 (0002) rocking curves (d) AlGaN2-4 (0002) 2θ −ω curves

Figure 5.12 RC and 2θ −ω curves for GaN-substrate, GaN1-2, and AlGaN2-4.

Reflections from (101) planes in GaN are observed at a Bragg angle of 18.4348
degrees and a χ angle of 61.99 degrees, resulting in a penetration depth of approxi-
mately 5 µm. Therefore, the observed FWHMs for the (101) rocking curves (RC) of
GaN1 (35.35 arcsec) and GaN2 (83.20 arcsec) can probably be attributed solely to
dislocations in the epilayers. The (101) RC FWHM of the substrate (60.91 arcsec)
is nearly twice that of GaN1, suggesting a significant improvement by a factor of 3
in the edge (mixed) dislocation density of the epilayer. However, the GaN2 epilayer
shows nearly double the edge (mixed) dislocation density compared to the substrate.
It is probable that the side facet of the sample facing the beam was damaged, caus-
ing an additional tilt in the crystallites. A repetition of this measurement with a
different φ angle is necessary to confirm the high value for the FWHM of the (101)
RC of GaN2. Unfortunately, this confirmation was not possible since the instrument
was broken. The (101) RCs of the AlGaN1, AlGaN2, and AlGaN3 samples could
not be taken for the same reason.

Figure 5.12 (c) compares the (002) RC FWHMs for AlGaN2 (34.56 arcsec), Al-
GaN3 (40.25 arcsec), and AlGaN4 (36.65 arcsec), which correspond to screw dislo-
cation densities of 2.4×106cm2, 3.3×106cm2, and 2.7×106cm2, respectively, for
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the AlGaN epilayers (including the contribution from the substrate). These values
are lower than the screw dislocation density of the GaN substrate (4.1× 106cm2),
indicating that the 5µm AlGaN epilayers have better screw dislocation densities
than the respective substrates. Among the three AlGaN samples, AlGaN3 appears
to have slightly higher screw dislocation density, approximately 1.5 times higher
than those of AlGaN2 and AlGaN4. This observation is supported by a comparison
of the FWHM values for the (002) 2θ −ω curves of AlGaN2 (52.06 arcsec), Al-
GaN3 (54.58 arcsec), and AlGaN4 (46.48 arcsec) (see Figure 5.12 d), suggesting
that AlGaN3 has slightly smaller vertical coherence length as compared to the other
AlGaN samples. The growth of low Al-composition AlGaN at 1040◦C is believed
to be pseudomorphic; however, cracking occurs during the cooldown of the reactor
to room temperature due to tensile strain. It seems plausible that the release of strain
energy through crack formation leads to lower threading dislocation densities in the
epilayer, as less strain energy is available for their formation. As a result, the epi-
layers appear better structurally. However, cracked layers are not suitable for device
fabrication and the lower dislocation densities in this case are not an advantage. An-
other possible explanation for the observed small differences in RC and radial scans
broadenings between the different AlGaN samples could be a varition in dislocation
densities of the respective substrates. We recall that the GaN substrates used here
are fabricated by HVPE method, which is based on heteroepitaxy and subsequent
removal of the substrate to produce the quasi-bulk GaN material. Hence, a certain
spread in dislocation density or in general in structural quality over the 4-inch GaN
free-standing wafer, from which the 1 cm×1 cm substrates used here were cut,
is possible. Experiments, involving simultaneous growth on multiple 1 cm×1 cm
GaN substrates for each of the AlGaN drift layers could provide a more conclusive
answer but are not practical from a cost perspective.

Let us now turn our attention to the (101) 2θ −ω scans, which are broadened by
both limited lateral and vertical coherence lengths. The FWHMs were found to
gradually decrease with increasing the thickness of the n−-graded buffer lawyer
with 66.13 arcsec for AlGaN2, 45.11 arcsec for AlGaN3, and 38.48 arcsec AlGaN4
(see Figure 5.13 (c)). However, it is important to note that the fit for AlGaN2 was
the least reliable among all fits. Additionally, variations in the crystal quality of the
substrates on which the five samples are grown could also affect these results as
mentioned earlier.

In Figure 5.12 (b), the FWHM values for the (002) 2θ −ω curves of the GaN-
substrate (43.16 arcsec), GaN1 (43.74 arcsec), and GaN2 (40.36 arcsec) are com-
pared, along with their positions (see Table 5.2). The positions of the (002) ω −2θ

peaks for these three samples are similar within 10 arcsec. This similarity also ap-
plies to the positions of the (101) 2θ −ω peaks of the same samples (Figure 5.13
b), which is to be expected as no significant additional strain is anticipated in ho-
moepitaxy.
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(a) GaN-substrate, GaN1-2 (1012) rocking
curves

(b) GaN-substrate, GaN1-2 (1011) 2θ − ω

curves

(c) AlGaN2-4 (1011) 2θ −ω curves (d) GaN-substrate, rocking curves

Figure 5.13 RC and 2θ −ω curves for GaN-substrate, GaN1-2, and AlGaN2-4.

Figure 5.13 (b) compares the FWHM values for the (101) 2θ −ω curves of the
GaN-substrate (32.00 arcsec), GaN1 (37.87 arcsec), and GaN2 (31.97 arcsec). With
the penetration depth being about 10 µm, the FWHM results for the (002) and (101)
ω −2θ suggest an improvement in the coherence lengths. However, this conclusion
is uncertain due to small differences in Bragg peak positions of the sample. Minute
differences in Bragg peak positions have a large effect on the calculation of coher-
ence lengths.
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6
Summary and outlook
High-quality GaN drift layers, 5 µm and 10 µm thick for vertical power devices,
were homoepitaxially grown with RMS surface roughnesses on the order of 0.1 nm
and screw dislocation densities comparable to or better than the substrate. Addition-
ally, the edge dislocation densities were potentially better than the substrate. The
growth conditions were optimized to minimize background impurity incorporation
(except for the H2 flow), resulting in a growth rate of 0.56 nm/s and an expected Nd
- Na background doping concentration of 1.6×1016cm−3 in u-GaN. The intentional
Si concentration was calibrated to the silane molar flow to achieve a relatively low
and controlled n-doping of the GaN drift layers to approximately 4.6×1016cm−3.
While growth rates twice as high as ours at background carbon concentrations be-
low 1016cm−3 have been achieved in other studies [80], our surface roughness and
edge dislocation density values are highly competitive. For a fuller analysis, further
study should investigate the growth rate and background impurity concentrations as
a function of H2 flow, using thicker sublayers and more data points.

Subsequently, using the same growth conditions as for the n-doped GaN drift lay-
ers, 5 µm layers with approximately 7.28% AlN composition were heteroepitaxially
grown on GaN to enhance the BFOM for power devices. It was found that a contin-
uous (n−doped) grading layer, approximately 300 nm in thickness, worked best to
minimize the AlGaN epilayer surface crack density, although it still exhibited some
cracking at the edges. To enable the growth of even thicker AlGaN-on-GaN drift
layers, a deeper understanding of the mechanisms governing crack formation and
propagation in AlGaN, and their correlation with growth conditions, is essential.
One potential improvement could involve a slower cooling rate to promote gradual
strain relaxation. Another approach may include growing grading layers at lower
temperatures to facilitate 3D growth. While this may result in a rougher surface
morphology of the grading layer, it could offer better control of strain. Lower tem-
peratures, however, are associated with a higher background carbon concentration,
which is not desirable.

One strategy for enhancing conduction involves the growth of higher-doped grad-
ing layers to smoothen out the conduction band discontinuity at the AlGaN-GaN
heterojunction, thereby enhancing carrier mobility. However, caution is necessary
to prevent excessive doping that could compromise strain engineering efforts. The
growth conditions for the AlGaN-on-GaN samples were identical to those for GaN1
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and GaN2. To optimize the growth conditions for minimizing residual impurities in
AlGaN, a SIMS analysis is also necessary. This will also allow to establish a com-
prehensive understanding of the Al incorporation on AlGaN as a function of growth
parameters, which is crucial for better control of the Al content in AlGaN.

Next steps include fabrication and characterization of FIN field effect transistors
based on the epitaxial structures of GaN1, GaN2 and AlGaN3, which will also pro-
vide insights into the drift layer properties and need of further material optimization.
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